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SYNOPSIS
Isochronal and isothermal annealing experiments have been carried out 
on a series of Iron-Alumina alloys containing dispersions of spherical 
alumina particles so that the influence of the particle size and inter 
particle spacing upon the recrystallisation behaviour of iron could be 
studied.
The alloys were fabricated by powder metallurgical techniques followed 
by hot extrusion. This produced alloys containing dispersions of particles 
with average radii of between 0.15 and'0.35um and interparticle spacings 
in the range 0.75-0*95um.
The progress of recrystallisation was followed by hardness measurements 
and by optical metallography. In all alloys, the initial grain size was 
•standardised prior to cold rolling and annealing.
At deformations of 6CP/0 reduction, the results indicated that recrystalli­
sation was generally accelerated (compared to pure iron) in those alloys 
containing particles above a critical size 0.5um dia.) due to the 
enhancement of nucleation at particle/matrix interfaces. The degree of 
acceleration increased with increasing particle size and decreasing 
interparticle spacing down to a critical spacing of about 0.81um when the 
trend reversed. The recrystAllised grain size was refined. Kinetic 
analysis indicated a reduction in the average dimensionality of growth 
of the nuclei compared to pure iron, where nucleation occurred predominantly 
at grain boundaries.
A retardation of recrystallisation was observed in those alloys containing 
particles of a subcritical size due mainly to a reduced nucleation rate.
Reductions in the deformation prior to annealing resulted in a retardation 
of recrystallisation in all alloys, the extent depending on their dispersion 
characteristics, due mainly to its influence on nucleation at the various 
sites.
Generally, an increase in the initial grain size resulted in a retardation 
of recrystallisation, the extent depending on the dispersion characteristics. 
In one alloy containing large particles there was a retardation at small 
initial grain sizes.
The present results have been shown to be consistent with the Mould- 
Cotterill hypothesis for recrystallisation in dispersed phase alloys.
The importance of the selection of the correct interparticle spacing 
parameter in the interpretation of results has been critically discussed 
in the appendix. '
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INTRODUCTION
Dispersions of second phase particles in metals have aroused the interest 
of metallurgists for some time since they can significantly affect the 
mechanical and physical behaviour of the matrix phase. In practice their 
influence is felt mainly in three areas: in strengthening, in hot working 
operations, and in grain refinement.
There is a continuing demand for stronger metals, especially for those
that retain their strength at high temperatures for long periods.
Dispersions of particles are very effective obstacles to dislocation
motion, particularly at high temperatures, and for many years alloys
containing such dispersions have been commercially utilised e.g. quenched
1and tempered steel, and precipitation hardened aluminium alloys. Orowan 
proposed that the increase in strength obtained was inversely proportional
2_g
to the interparticle spacing and this has been confirmed experimentally 
At elevated service temperatures, however, the improved strengths,
4
frequently fall off with time due to the tendency of the particles to 
coarsen, which results in an increase in particle spacing and a consequent 
decrease in strength. This structural instability is related to the 
solubility of the second phase in the matrix and hence recent interest has 
centred on very low solubility phases to obtain stable dispersions. Many 
oxides have such a characteristic and have been utilised e.g. thoria in 
nickel and its alloys.
Further useful increases in strength have been obtained from dispersion-
7-1 1strengthened alloys that have been cold-worked prior to testing , and 
this has been attributed to the retardation of recovery and recrystallisation 
processes, thus enabling the alloys to retain a higher stored energy.
The retardation of recrystallisation to higher temperatures in dispersion 
alloys is obviously important in hot working operations since the 
recrystallisation temperature controls the minimum temperature of hot 
working. An increase in this temperature can cause considerable practical 
difficulties in working operations.
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Dispersions of particles are frequently utilised to effect grain refinement 
in metals during deformation and annealing treatments. This is achieved 
by either retarding the growth or promoting increased nucleation of new 
grains during recrystallisation. In some instances, however, abnormal 
grain g r o w t h ^ o r  mixed grain structures^ ‘may result and these are 
undesirable.
An understanding of the effects of dispersions of particles upon the
recrystallisation behaviour of metals is therefore useful. Much work has
been reported in the literature with apparent conflict in results, both
acceleration and retardation of the process having been observed. However,
there has been little systematic study on the effects of varying the basic
dispersion parameters (i.e. their size, shape and spacing); that which has 
18—21been reported has been confined to face-centred cubic metals. Thus
the present investigation was undertaken to increase the knowledge of the 
recrystallisation behaviour of dispersion strengthened metals with especial 
regard to body-centred cubic metals in general, and alpha-iron in particular.
<
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2 REVIEW OF THE LITERATURE
2.1 introduction
The process of recrystallisation was prohahly first recognised hy 
22
Kalischer in 1881 who postulated that the crystallinity of a metal
was destroyed hy working and that subsequent heating permitted it to
recrystallise. It was not until 1926 that recrystallisation was
23recognised to he a nucleation and growth process where a stable 
nucleus was formed and then grew through the deformed matrix. Since 
then the phenomenon of recrystallisation has been investigated hy many 
workers in an attempt to explain the structural changes that occur; 
several reviews have been written*^ .
The development of high resolution electron microscopy and X-ray
techniques in recent years has enabled more detailed evidence of the
structural changes that occur during deformation and annealing to be
obtained and consequently a better understanding of the processes
30 31involved. These have been the subject of international symposia 5 
32
and Cahn has summarised the present knowledge of the subject.
The annealing of a deformed metal is a complex thermally activated
process and the metal passes through several stages whilst being restored
to a stress-free condition i.e. to a state of lower internal energy.
The terms "recovery”, "recrystallisation" and "grain growth" are frequently
applied to these stages but unfortunately often carry different meanings
to different workers which results in some confusion. It is essential,
32
therefore, to define these terms and the classification used by Cahn 
is followed in this thesis:-
RECOVERY embraces all those changes which do not involve the sweeping 
of the deformed material by high angle boundaries. The deformed crystal 
or polycrystalline aggregate retains its basic identity, although the 
density and distribution of defects within may change.
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RECRYSTALLISATION applies to those stages in which the crystal orientation 
is altered (perhaps more than once) /by the sweeping of high angle grain 
boundaries through the deformed material. PRIMARY RECRYSTALLISATION is 
the process in which new grains are. nucleated and then grow at the 
expense of the deformed material until the latter is totally consumed.
The migrating boundaries will then have impinged on each other and the 
material will have a minimum recrystallised grain size. GRAIN GROWTH 
involves the further migration of grain boundaries through the recrystal­
lised material, generally at a reduced rate, and results in a smaller 
number of grains with a larger average size.
When the boundaries migrate at approximately equal rates, so that at 
any instant the grains are roughly similar in size, this is termed 
NORMAL GRAIN GROWTH. If, however, migration is restricted to relatively 
few boundaries, so that a few grains grow to a much larger size at the 
expense of the others-, then this is termed ABNORMAL GRAIN GROWTH (or 
SECONDARY RECRYSTALLISATION). This is also referred to as "grain 
coarsening".
It should be noted that the term "recovery" is also frequently used in 
a different sense to indicate the return of mechanical or physical 
properties to values characteristic of the undeformed material irrespective 
of the mechanism by which the change is brought about. The reference 
state is always the fully recrystallised conditon.
In the following review the phenomena will be discussed in terms of 
metals in general but particular reference to iron will be made where 
. relevant.
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2.2 THE STRUCTURE OF DEFORMED METALS
2.2.1 Work Hardening
As a metal is deformed it "becomes increasingly more difficult to deform 
it further. Since plastic deformation occurs hy the movement of an 
increasing number of dislocations, the occurrence of work hardening 
implies that as the applied stress is increased it becomes more difficult 
to either generate or move the relevant dislocations. The generation 
of dislocations does not appear to be difficult and hardening must be 
due to an increased resistance of the metal lattice to their movement.
33Taylor postulated that some dislocations become lodged in the lattice 
and act as sources of internal stress which oppose the motion of other 
dislocations. This has been substantiated experimentally and the hypothesis 
forms the basis of all current theories of work hardening. These theories 
differ only in the way dislocations interact to cause the loss of mobility.
Three regions of hardening are distringuishable in a typical stress- 
strain curve for an f.c.c. single crystal*:-
Stage I (Easy Glide Region) occurs immediately after the yield point and 
is characterised by a low hardening rate. . It only occurs in crystals 
oriented for glide in a single slip system.
Stage II (Linear Hardening region) is a region of a high (but fairly 
constant) rate of hardening and is characterised by the occurrence of 
slip on both primary and secondary slip systems. This leads to the 
formation of lattice irregularities which impede the motion of other 
dislocations; this forms the basis of the theories of hardening. In
these theories the flow stress is controlled by long range stresses
35-37 38from piled-up groups of dislocations or by sessile jogs or by
bowing out of lengths of dislocations pinned by superjogs^*^.
* The majority of experiments have been performed on f.c.c. crystals;
34however b.c.c. crystals including iron show similar behaviour.
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Stage III (Parabolic Hardening Region) is characterised hy a low hardening 
rate, and the stress at which it starts is temperature dependent. Cross- 
slip occurs, which allows dislocations to hy-pass obstacles to their 
motion; the slip distance increases with a consequent drop in hardening 
rate •
Individually, none of the theories satisfactorily account for all the
41experimental observations and Smallman has suggested that a composite 
theory combining the successful features of each is likely to produce 
a satisfactory model.
In polycrystalline cubic metals', work hardening behaviour similar to 
stage III is generally observed. This is because stage I is orientation 
dependent and stage II depends on the ease of secondary slip. The 
deformation behaviour of individual grains are inhibited by the neighbouring 
grains since coherency at the boundaries must be preserved. This 
requires the operation of at least five . shear systems. Thus the stress- 
strain curves for cubic polycrystalline specimens are approximately 
parabolic with a pronounced work hardening exponent.
42Keh and Weissman have studied the work hardening behaviour of - 
polycrystalline iron (and b.c.c. metals generally). They found that 
the hardening rate varied with the temperature of deformation, there 
being a maximum at room temperature. Below 200°C (the temperature at 
which dynamic recovery occurred) the dislocation density remained 
independent of the deformation temperature. They concluded that the 
temperature dependence of the hardening rate was chiefly due to changes 
in the dislocation distribution, and that the work hardening behaviour
' 4.3 ;
was best explained in terms of the theory due to Li which is based on
the long range stress field due to dislocation tangles.
2.2.2 The Microstructure
2.2.2.1 Surface Markings
The study of deformed metal surfaces can yield information concerning 
the deformation process; the topic has been reviewed by Basinki and 
Basinitski^. Two techniques have been used, firstly, the observation 
of slip lines to determine the operative glide systems and, secondly,
-7-
the study of etch-pits to reveal the distribution and density of 
dislocations. The results have heen correlated with the various stages 
of the deformation process, hut there are inherent difficulties^ in the 
use of these techniques to infer the detailed structure of the hulk 
crystals.
2.2.2 X-ray Examination
X-ray techniques have often heen used to examine the deformation 
structure of metals. Gay, Hirsch and Kelly^’^  used a microbeam 
Dehye-Scherrer technique to examine the mosiac (hlock) substructure in 
deformed aluminium and copper and concluded that dislocations lie 
predominantly in boundaries occupying ahout one-fifth of the total volume 
in aluminium and one-half in copper. The sizes of the mosiacs are in 
good agreement with the cell sizes measured by transmission electron 
microscopy. This work was early evidence of the non-uniformity of the 
dislocation distribution in cold-worked metals.
t A7 Aft
Using a Berg-Barratt technique, Honeycombe and co-workers studied
lattice rotations in aluminium. These occurred in regions separated by
planes normal to the glide direction at spacings of 0.7mm together with
lattice misorientations parallel to the primary glide direction. This
structure is found at the end of stage I hardening.
The asterism of Laue spots has been used to examine kink bands, but the 
nature of lattice rotations that give rise to asterism is not well 
understood. X-ray techniques are also used to determine preferred 
orientation in deformed polycrystalline metals and this is discussed in 
section 2.2.2.4.
2.2.3 Transmission Electron Microscopy
The study of thin foils of a deformed metal (both single crystals and 
polycrystalline) by transmission electron microscopy is a particularly 
useful technique for revealing dislocation substructures. There are two 
drawbacks to the technique: firstly the small specimen size makes it 
difficult for any micrograph to be typical of the bulk structure and 
secondly there is a danger of dislocations being lost from the foil. 
However, these problems are surmountable with appropriate c a r e 44*49^
Foils of single crystals have been examined mainly to reveal details 
of specific dislocation reactions and arrangements, and these have 
heen related to mechanisms of work hardening. Studies of polycrystalline 
foils are particularly relevant in understanding the structural changes 
occurring during annealing since they reveal the nature of the deformation 
substructure.
50Heidenreich first showed that regions inside grains of deformed
aluminium were broken up into crystal domains (or cells) which were
A R /
slightly misoriented, a structure described by Gay et al (section 
2.2.2)
Very small amounts (usually 3% or less) of deformation produce random
slip line traces on the foil micrograph, but as the amount of deformation
increases, a greater number of dislocations are produced and a cell
structure is formed, fig.1. The average cell size is often about l-Jum
dia. The main features of the cell structure in f.c.c. metals have been
51summarised by Swann
a) The cell size is independent of the initial grain size
and decreases to a limiting size after a certain strain.
b) The limiting value of the cell size increases with the 
softness of the metal.
c) The width of the cell walls decreases with the softness 
of the metal.
The cell interiors are relatively free from dislocations whereas the
cell walls are regions of high dislocation density. The walls appear
to be irregularly arranged but there is a tendency for them to be aligned
along low index planes (in f.c.c. metals) often in the form of complex
twist boundaries. The dislocation arrangements within the cell walls
52 55are complex and often associated with small loops ’ . Misorientation
across the cell walls is small when the structure first forms and 
increases as the deformation increases. Bailey reported misorientations
•V
' I);
A
v ;
K?—— I
0 .5 ft
Fig 1. The Effect of Strain on the Microstructure of 
Iron deformed at 25°C.
(a) 1% strain (b) 5*5% strain
(c) 9% strain (d) 20% strain
2.0-
! i i i i i j i___i— i— i— i— i— i— L— ■
0 0 04 0 08 0.12 0.16 0 20 0 24 0.28
TRUE STRAIN (in / m )
Fig 2. Variation of the Cell Size of Iron with 
Deformation
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o 54 5*5of less than 2 for silver and copper . The formation of cell structures
42
in b.c.c. metals has heen reviewed hy Keh and Weissmann whose general
51conclusions are similar to those outlined hy Swann . In the case of 
pure iron a definite cell structure begins to form after tensile
deformation at room temperature. The cell walls are associated with 
the 112 and 123 slip planes. Increasing deformation causes a decrease 
in cell size to a limiting value of 1.5iam*» fig. 2, after 8% strain. The 
misorientation across the cell walls depends upon the dislocation density 
in the wall.
56Dillamore et al investigated the structure of pure iron cold rolled 
and found that the average cell size varied with the relative 
orientation of the grain; it decreased from 0.8um for a (001) |~110] 
orientation to for a (110) QT10] orientation whilst the cell
misorientation increased from about 1-2° to 5-6°.
57Holt has suggested that a statistical distribution of parallel screw
dislocations with uniform density is unstable and a cell structure forms
in order to minimise the total elastic energy, the cell diameter being
•proportional to the square root of the dislocation density. This
58relationship has been experimentally confirmed in LiP crystals • and 
59copper .
2.2.2.4 Preferred Orientation
As a randomly oriented polycrystalline metal is deformed it generally
develops a preferred orientation (or texture), i.e. certain grains
rotate so that their slip planes are more favourably oriented for slip.
The planes tend to rotate towards the planes of maximum shear stress.
The type of preferred orientation that develops depends on the crystal
structure and the mode of deformation. It is important since it influences
the texture developed after recrystallisation. The preferred orientation
developed in deformed and annealed metals has been fully reviewed by
60Dillamore and Roberts .
The rolling textures developed by most b.c.c. metals are similar and it 
is generally agreed that-{joo} <011 >• is at the centre of the spread. The 
remainder of the texture has been described by 1123 <110> , *£111^ < 110)> 
and {111*}<112> orientations.
-11-
The spread of the ^ 100} < 011 > component has "been described as being 30°~
55° about the rolling direction, but this is sensitive to the intensity-
level used to measure the spread. It is probable, however, from the 
61work of Bennewitz that the spread decreases with increasing deformation.
The room temperature rolling textures for pure iron and low carbon steels 
56 61-67have been studied 9 and in all cases the main component was described
as {100}<011> and the{112}<110> component was always present. The {.111}
< 110> did not occur frequently whilst the .{111} <112 > was recorded in 
some cases.
62Haessner and Veik have followed the development of the texture in 
carbonyl iron with increasing deformation. Starting with textureless 
material, two components were present after 30% deformation: *AI - a
■(.100} < 011> and *B! - a fibre component with a <110 > fibre axis 35° 
from the sheet normal on the rolling direction radius of the pole 
figure. B was much stronger than A. After 60% deformation a third 
component, ,Cl,4was found and described as a limiting fibre texture 
of increasing spread about the rolling direction axis.
A theory for the development of preferred orientation in b.c.c. vanadium
68has been postulated by Billamore and Roberts and the results, for iron,
60low carbon steels and iron alloys are in close accord .
2.2.3 The Internal Energy
2.2.3.1 Structural Aspects
V/hen a metal is plastically deformed most of the mechanical energy supplied 
is converted into heat, but some remains stored within the metal and this 
represents. the energy of disorder introduced by the deformation. It 
provides the driving force for the processes of recovery and recrystalli­
sation. This introduced disorder is associated with the increased number 
of point defects, dislocations and stacking faults.
The amount of energy stored in a metal depends on the mode, of deformation,
69the temperature and alloy composition and it increases with increasing 
deformation, fig. 3» which is not unexpected since the dislocation, density 
increases similarly. Values of stored energy obtained experimentally
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55have "been correlated with dislocation density measurements in copper 
54and silver .
The dislocation densities of metals generally increase from values of
6 Q 2 1 0 1 2  2
10 -10 per cm for the annealed condition to 10 -10 per cm after
heavy deformation. The driving force, P .  for recrystallisation is
. ,70given hy :-
. Pr ' ifi . G.-b.2p . . . .  . . . . . .  ... (1)
where G is the shear modulus, b is the Burgers vector and p is the
dislocation density. Inserting plausible values into this equation
12 2 —8 12 2 (G ^  10 dyn/cm , b ^  3«10~ cm and p = 10 /cm ) results in a driving
9 / 2force of about 10 dyn./cm .
The dislocation density has been shown 42,54>55 to be related to the 
applied stress, a
a = a.G.b.pJ- . . . . . . . . . . .  (2)
where a is the true stress and -a is a constant. Theoretical models
have been proposed for this relationship and have been critically
71 72 73
reviewed • Recent evidence 9 indicates that the dislocation density
reaches a limiting value in polycrystalline specimens.
The increased vacancy concentration resulting from deformation also 
contributes significantly to the total stored energy^ as does the forma­
tion of stacking faults.
2.2.3*2 Experimental Aspects
75-77The stored energy of deformation can be measured by several techniques ,
all of which are difficult and accompanied by significant errors. The
experimental data published up to 1958 has been reviewed by Tichener and 
77Bever .
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Most investigations have teen carried out on heavily deformed samples 
and in some cases other properties have been measured. Generally 
detailed comparisons of reported stored energy values are not valid 
because of the sensitivity to the differing experimental conditions.
The amount of work expended in achieving a particular dimensional 
change depends upon the mode of deformation and hence the stored energy 
value obtained will also depend on the deformation process.
Measurements of stored energy have been confined mainly to f.c.c. metals.
2.2.4 Factors affecting the Structure of Deformed Metals
2.2.4«1 The Stacking Fault Energy
The structure of a deformed metal is influenced by its stacking fault 
energy since this affects the density and distribution of dislocations 
in the metal and hence its stored energy. Metals with a low stacking 
fault energy produce wide stacking faults during deformation, with a 
result that cross slip is hindered, and hence have short slip distances;
• the converse is true for metals with a high stacking fault energy.
The dislocation density of a deformed metal increases as the stacking
fault energy decreases. The sharpness of cell walls also correlates
7ft
with the stacking fault energy, and it has been inferred that the 
cell structure results from the ability of screw dislocations to cross 
slip out of their original slip planes and arrange themselves into 
localised regions to form the cell walls. This will clearly occur more 
easily in metals with a high stacking fault energy e.g. aluminium, nickel 
and b.c.c. metals generally. •
2.2.4.2 Solute Atoms
Several studies of f.c.c. alloys have shown that solute additions cause
a reduction in the cell size of deformed metals, but the stacking fault
51energies are also reduced by solute atoms and Swann - considers that this 
is the factor that determines the dislocation distribution in these alloys 
B.c.c. metals have intrinsically high stacking fault energies and usually 
exhibit a well defined cell structure in the deformed condition.
-15-
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Griffiths and Riley have shown that a 3% Si addition to iron lowered
2 2
its stacking fault energy from 200 ergs/cm- to 40 ergs/cm . The 
dislocation distribution was changed; the cell structure was less well 
defined and the cell size was smaller. There were also changes of slip 
plane and an increased twinning frequency.
The interaction of interstitial atoms with dislocations results in an 
increased yield stress and this has long been utilised (e.g. carbon and 
nitrogen in steels). The interstitial impurities are attracted to the 
dislocations and anchor them. The applied stress then has to free the 
dislocations in a breakaway motion or the impurity atmospheres have to 
be dragged along .
There is much evidence that increasing the solute content of an alloy
increases the dislocation density and the stored energy for a given '
42 79amount of strain. It has been shown for iron 1 and is apparently 
a general phenomenon for all metals.
\
2.2.4*3 Second Phase Particles
It has been known for some time that the presence of dispersed particles 
can influence the mechanical properties of metals, for instance the 
yield stress and the work hardening rate are increased. It was assumed 
that their effect was to act as dislocation sources and to provide 
barriers to dislocation movement, and several mechanisms have been 
postulated to account for the observed increase in the work hardening 
capacity of dispersion alloys. It is apparent, however, that dispersed 
particles also influence the nature of the defect structure generated by 
plastic deformation.
Examination of surface markings of single crystals suggests that there 
is an extensive activation of a large number of slip systems whilst 
transmission electron microscopy suggests that dislocations can bow 
between particles and by pass them.
The extent of which dispersed particles affect the density and distribution 
of dislocations during deformation is determined by their size, shape and 
spacing. The nature of the particle is relatively unimportant provided 
it is incoherent with the matrix and relatively undeformable.
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In the case of widely spaced coarse particles ( >  0.5um dia.), cell
51 01formation appears to he promoted 9 since the particles act as
dislocation sources and also determine the position of the cell walls.
The misorientation between adjacent cells in the vicinity of the particles 
82is also increased . Conversely, fine particles (^O.lum dia.) appear
to inhibit cell formation a larger strain being required to initiate a
cell structure. At a given strain the cell size is smaller compared to
the pure matrix. The dislocation density is increased and more dislocations
are situated within the cell interiors. As deformation increases, the
distinction between the cell walls and interiors becomes less marked until
eventually the cell structure disappears and the dislocations are more
uniformly distributed. The interparticle spacing is an important factor,
a decrease in spacing causing an increase in dislocation density and a
3 '
decrease in cell size at a given strain . The effects of particles on
the dislocation substructure have been reported for many alloys including
6 85 84. 83
iron ’ * . Rollason and Martin have shown the influence of particle
size on the nature of the dislocation interaction during deformation.
The higher dislocation densities obtained in dispersion alloys after
86 87
deformation gives rise to higher stored energies 9 . There is also
a tendency for the preferred orientation formed during deformation to be 
reduced in dispersion alloys, presumably as a consequence of the activation 
of a larger number of slip systems.
2.2.4*4 The Deformation Temperature
The temperature at which deformation is carried but influences the 
density and distribution of dislocations, the stored energy and also 
' the resultant preferred orientation.
In copper, deformation at 78°K results in a higher density of dislocations
(and also of point defects) compared to copper deformed at room temperature*^ 9
73 . . 75and this results in a higher stored energy . Deformation above room
temperature (up to 700°C) has been found‘d  to result in an increased cell
size, with a decreased cell wall thickness and a reduced dislocation
density.
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42Keh and Weissman have examined the effect of deformation temperature
on the structure of iron. Deformation ahove room temperature (hut below 
200°C) gave rise to a larger cell size and a reduced dislocation density. 
Deformation below room temperature resulted in a reduced tendency for 
cell formation and the dislocation distribution became more uniform; a 
higher strain was required to initiate cell formation compared to room 
temperature deformation. The average dislocation density was independent 
of the deformation temperature. A higher strain for the initiation of
cell formation with decreasing tmeperature has also been observed in
« , 88 tungsten .
The effect of the deformation temperature on the texture of low carbon 
steels rolled between 0o-430°C has been studied by Goss^. At temperatures 
below 190°C the normal b.c.c. texture was developed, but above 370°C a 
{110} < 001 > texture was found. In the intermediate temperature, range 
a random texture was observed. The effect of temperature was ascribed 
to a temperature dependance of deformation modes, but it could be a 
surface texture effect^.
2.2.4*5 • The Mode of Deformation
Metals can be plastically deformed in several ways; the simplest is 
uniaxial tension. In many processes the stress system and the consequent 
strain distribution is much more complex than that of simple tension.
The work done in achieving plastic deformation can be subdivided into 
the following components
(a) The work required to achieve the shape change by simple 
tension. This is the absolute minimum input required 
ana leads to a macroscopically uniform distribution of 
strain in the deformed metal.
.(b) The work associated with friction. This varies with 
surface conditions and usually leads to additional 
deformation of the surface layers of the metal.
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(c) Further !redundant1 work is required to overcome 
the constraint to deformation imposed "by the 
equipment used. This is usually distributed in 
. a non-uniform manner, and some regions may 
experience very high strains (in excess of the 
average strain). The magnitude of this extra 
work varies considerably and depends on the 
conditions of deformation. . A non-uniform strain 
distribution will result in a variation of 
deformation structure in the metal.
The mode of deformation, therefore, will influence the deformation
substructure formed and also the stored energy value. For example,
89
Garofolo and Wriedt observed a larger cell size after deformation by 
compression compared to that obtained in tension in an austenitic steel.
2.2.4*6 The Strain Rate 
• 4
Little work has been reported on the effect of strain rate on the structure
90 91of deformed metals. Work by Thomas and co-workers ’ on copper and 
nickel has shown that an increase in strain rate caused an increase in
dislocation density and stored energy and a reduced tendency to cell
■ ■ '42formation. This has also been observed for iron . High values of stored
92
energy have been attributed by Williams to his use of high strain rates.
2.2.4*7 Grain Size
42
Grain boundaries are important sources for dislocations and it is
reasonable, therefore, to expect the dislocation density to be dependent
42upon the grain size, and this has been observed in iron at moderate 
strains and copper^, for example.
93 42Conrad and Christ have analysed the data for iron , and explain the
variation in dislocation density with grain size in terms of the average
distance, s, moved by the dislocations. They found that:-
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s i o k 1. d11 . . . . . . . . . . . . .  ( 3 )
(where k^ and n are constants and d is the grain diameter). Now since 
E =a^.p.h.s
(where E is the plastic strain, is a constant which relates tensile 
to shear strain, p is the dislocation density and b is the burgers vector) 
Then substituting:-
k2b dn 
(where k2 = ark^)
The value of the constant, k^, decreased with increasing strain, i.e. the 
density becomes less sensitive to grain size at higher strains. The 
evaluation of the distance, s, (equation 3) at varying strains revealed 
a maximum value at about 10% which corresponds to the strain at which a 
well defined cell structure forms. For each subsequent 1% increment in 
strain the value of !s' showed a variation with strain in good agreement 
with the variation in cell size. The values of !kjj1 and ,n I (equation 3) 
obtained for iron were used to calculate the dislocation densities of 
copper and silver and these showed good agreement with experimental ■ . ' ' 
observations?^’
An increase in dislocation density resulting from a decreased grain size
can be expected to be accompanied by an increase in stored energy; this
94-96has been experimentally confirmed for copper, .for example. Conrad 
and Christ assumed the stored energy release, E^ during recrystallisation 
was directly proportional to the dislocation density, and hence equation 
5 becomes:-
(6)
(where k^ is a proportionality constant)
They showed that the values of *n! obtained from the stored energy data
69 97 42of Gordon ’ for copper and from the dislocation density data for iron
^  E 1
k,t dn
5
(5)
(4)
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fitted a smooth common curve when plotted against strain; this suggests 
that the value of *n! is independent of the metal or its crystal structure.
2.3 THE RECOTOY OF DEFORMED METALS
2.31 ' Recovery of Micro structure
The change in microstructure that occurs in a deformed metal on subsequent 
annealing depends on the temperature and on the deformation substructure 
(which in turn is dependent on the amount and mode of deformation).
In a lightly deformed metal (i.e. where only a few slip systems are 
operative), subsequent annealing may cause a phenomenon known as
polygonisation to occur. This is a recovery process first studied by
98 99 - *
Cahn whereby the excess dislocations rearrange themselves into walls
(tilt-boundaries) normal to the burgers vector by a process of dislocation
climb. In this way the elastic strain energy is relieved. This results
in small angle subgrain boundaries separating regions of strain-free
crystal. Further-polygonisation may occur by the progressive merging of
•subboundaries. The rate of polygonisation is temperature dependent since
dislocation climb involves the migration of vacancies. The mechanisms
and kinetics of the process have been reviewed by Hibbard and Dunn
Cell structures are often formed in more heavily deformed metals and 
these also recover during annealing. Initially there is a sharpening 
up of the cell walls (which are tangled arrays of dislocations); this 
involves straightening up of dislocations, their mutual annihilation 
and other attractive dislocation interactions, and results in a more 
stable arrangement and a lower dislocation density. Later cell growth 
occurs by either subgrain coalescence or subboundary migration. The 
mechanism of the recovery of a cell structure is essentially a more 
complex form of polygonisation (i.e. the cell wadis are not simple 
tilt boundaries) and the subboundaries of both are similar in appearance.
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The recovery of microstructure of deformed iron of varying purity has
"been observed by several workers^’ In lightly deformed irons,
102annealing produced very stable polygonised structures which could not
be induced to recrystallise. In heavily deformed iron, Keh and Weissmann 
42
reported that annealing caused the tangled dislocations in the cell
walls to.rearrange themselves into regular subboundaries; the average
density of dislocations decreased continuously and dislocation loops
disappeared. There was no change in the cell (or subgrain) size until
late in the recovery stage. Most of the subboundaries were in the form
105
of hexagonal networks which have been shown to be due to dislocation 
interactions of the type:-
(§) [ 111] + (|) [ 1~ ]  a [100]..........(7)
102Talbot observed the recovery of Armco iron at temperatures above 
400°C and noted cell growth to an average size of 5-6um.
The growth of the cell structure (or subgrains) in pure iron has been
 ^ 106 followed by Smith and Dillamore with the emphasis on the different
components of the texture developed during deformation. Fastest growth
occurred in the orientations that had a wider, distribution of initial
subgrain size; these orientations also had the smallest average cell
size and the largest misorientations between the cells.
Release of Stored Energy
The common driving force for both recovery and recrystallisation is the 
. reduction of the high internal energy retained after deformation and 
released as thermal energy on annealing.
97
The use of isothermal annealing techniques for high purity copper and
54 76 107 108
silver and isochronal techniques for copper 9 1 and nickel reveals
that stored energy is generally released in two stages, fig.4; the first .
(amounting to about 10% of the total) was associated with recovery processes
and the second with recrystallisation. Two recovery stages were observed
in nickel.
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The few reported measurements of stored energy release for iron have
77"been critically examined • However measurements have been made since
109
on polycrystalline iron . Only one stage of release was observed and
this was spread over a large temperature range. This spread was due to
the complex tangling of dislocations associated with b.c.c. structures
and the release of energy was associated with the annihilation of
vacancies and dislocations during recovery and recrystallisation. The
lack of distinction between the recovery and recrystallisation stages
may have been due to . the purity of the iron used since this has been shown
102to be important in determining the onset of recrystallisation
2.3.3 ' Recovery of Electrical Properties
Plastic deformation results in an increase in lattice vacancies and 
dislocations and this causes an increase in electrical resistivity.
This decreases towards its original value, during annealing in stages that 
correlate with the release of stored energy. The decrease is generally 
gradual but significant drops are observed in the regions corresponding 
to a high energy release peak.
There has been no reported work on the recovery of resistivity of cold- 
02
worked iron .
2.3.4 Recovery of Mechanical Properties
Two general types of behaviour are observed on annealing deformed metals. 
Metals with a low stacking fault energy show little change in their 
mechanical properties prior to the onset of recrystallisation due to the 
difficulty of dislocation rearrangement whereas metals with a high 
stacking fault energy generally show considerable softening (measured by 
the reduction of hardness, flow stress or rate of work hardening) because 
of the relative ease of dislocation rearrangement.
LTV
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Generally, it has been observed that as the amount of deformation 
increases the smaller is the fraction of work hardening that can be 
recovered on annealing; this fraction increases with increasing annealing 
temperature. The rate of recovery is increased with increasing
deformation. This behaviour has been observed on annealing deformed
102 110 111112iron by measurement of hardness 9 and flow stress ’ for example^
The recovery of the flow stress is associated with a decrease in dislocation
83
density and the formation of regular dislocation networks. .
113Cherian et al have identified two types of recovery in aluminium. 
"Metarecovery" occurred at low temperatures and was transient in the 
sense the material eventually resumed the work hardening characteristics 
of the deformed state. "Orthorecovery" occurred at higher annealing
83
temperatures and permanent recovery effects were found. Leslie et al 
have correlated these stages in iron with its microstructure. Luring 
metarecovery many dislocations had left the cell interiors although the 
walls did not begin to sharpen until orthorecovery occurred, when cell 
growth was also observed.
The kinetics of the recovery of work hardening for b.c.c. metals has been 
114examined by Li .
Factors influencing Recovery 
2.3#5*1 Metal Purity
The effect of impurities can be twofold; firstly, they can directly
?
affect the amount and the kinetics of recovery and, secondly, by retarding 
the recrystallisation process they can allow recovery to occur at times 
or temperatures where a purer metal would have already recrystallised. 
Interstitial impurities in b.c.c. metals can have a large effect since 
they interact with dislocations and reduce their mobility.
102In lightly deformed iron Talbot has shown that the onset of polygonisation 
is retarded to higher temperatures as the impurity level increases. 
Recrystallisation is not influenced as much and hence more impure iron 
will recrystallise at low strains before polygonisation can occur.
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After heavy deformation however, the recrystallisation temperature was
raised to higher temperatures in Armco iron allowing recovery of the
cell structure whereas high purity iron recrystallised at a lower
temperature without prior recovery. The release of stored energy is
109also retarded to a higher temperature range for less pure iron in 
accord with the microstructural observations of Talbot and others.
115.In f.c.c. metals the release of stored energy shows a similar behaviour 
As the impurity level increases, the high energy peak due to recrystallisation 
is retarded, thus enabling a higher proportion of the total energy to be 
released by recovery processes.
The recovery of the mechanical properties are'also affected by impurities.
116 110
both interstitial impurities (carbon and nitrogen ) and substitutional
117 118 impurities (manganese and molybdenum ) retard the amount of softening
due to recovery in iron during isothermal annealing. During isochronal
119annealing, Antonione et al have shown that substitutional transition 
element additions to high purity iron retard recrystallisation to higher 
temperatures and allow recovery of hardness (softening)to occur over a 
larger temperature range which results in an increased degree of softening 
due to recovery.
2.3.5.2 Deformation
The recovery behaviour of a deformed metal is determined by the deformation 
substructure which in turn is determined by the amount and mode of 
deformation.
. ? .
Increasing the amount of deformation results in higher dislocation densities
and stored energies, and higher energy releases during the recovery stage
have been observed in copper . An increased-rate of recovery has also
111been observed in iron
"Whilst the temperature of deformation has little effect on the average
42dislocation density in iron , decreasing the temperature reduces the
tendency for cell formation. Extra stored energy releases may be 
115/observed (usually below room temperature) and the increased energy is 
considered to be due to the increased concentration of point defects which 
anneal out at low temperature.
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2.3»5»3 Annealing Temperature
The effect of the annealing temperature has heen indicated in the 
previous sections. Generally, the rate and extent of recovery increases 
with increasing temperature, unless strain ageing due to impurity atoms 
occurs.
2.5»5«4 Second Phase Particles
Many instancesrof the retardation of recovery of the microstructure hy
particles have heen reported, for example in i r o n ^  aluminium"^5
' . 125 20,126-128 . , - _ 129 ■ , ... 126 __ chromium , copper . , nickel ' and silver alloys. Closer
examination shows that dispersions in these cases consist of fine particles
(0.5i3ni dia. or less) which are probably also closely spaced. These
particles inhibit dislocation motion and thus stabilise the deformed
microstructure. It is important that there are sufficient particles
120present to pin the substructure. For example, Gladman et al report
that when vanadium carbide was present in steel as <*50 1 dia. particles,-
there was inhibition of subgrain formation during annealing, but when it
.was present as about 200 A dia. particles there were insufficient to pin
123the sub structure. A similar occurrence was noted by Ryum in an aluminium 
alloy containing a non-uniform distribution of Al^Zr particles. In 
areas with a high density of particles (i.e. closed spaced), re arrangment 
of the deformed substructure was very slow, whereas in the more sparse 
areas rapid growth of the cell structure was observed.
Isochronal annealing studies of SAP alloys showed that recrystallisation 
was retarded to higher temperatures (compared to pure aluminium) and
130
recovery stages were revealed by electrical resistivity measurements .
Retardation of the recovery of mechanical properties (hardness) has also
131
been reported for an oxide dispersion (0.2-10um dia.) in iron and this 
has been attributed to the finer sized particles.
The effects of coarser and more widely spaced particles on recovery have 
~T.. not been reported and this may be because they are masked by the onset 
of recrystallisation which is generally accelerated. An increased rate 
of recovery would be expected due to the increase in local strain around 
particles after deformation (section 3.5.2).
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2. 4 • PRIMARY RECRYSTALLISATION 
2.4*1 General Characteristics
2.4*1.1 The Laws of Recrystallisation
28 ifBurke and Turnbull have summaried the great quantity of experimental
32
information concerning recrystallisation into six Basic "laws"; Cahn 
has added a seventh:-
(i) A minimum deformation is required to initiate 
. recrystallisation.
(ii) The smaller the degree of deformation, the higher is
the temperature required to initiate recrystallisation.
(iii) The temperature required for recrystallisation is 
reduced as the time of annealing increases.
(iv) The final grain size depends chiefly on the degree
of deformation and to a lesser degree on the annealing 
temperature. Thus, increasing the deformation and 
decreasing the temperature reduces the grain size.
(v) An increase in the initial grain size requires a 
greater degree of deformation for an equivalent 
recrystallisation temperature and time.
(vi) The amount of deformation required to give equivalent 
hardening increases with increasing temperature of 
deformation. Hence an increase in deformation 
temperature at a constant deformation will result in 
a coarser grain size and a higher recrystallisation 
temperature.
(vii) Hew grains do not grow into deformed grains of 
identical or slightly deviating orientation.
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2.4*1.2 Experimental Techniques
Two types of annealing treatments are used in recrystallisation studies. 
Isothermal annealing is utilised to provide Basic quantitative kinetic 
information from which the processes of nucleation and growth can Be 
related and descriBed in terms of the mechanisms of recrystallisation. 
Isochronal annealing is generally used to provide quantitative information 
concerning the temperature range of recrystallisation that is technologically 
useful. The techniques used to study the progress of recrystallisation. 
require the usual Basic qualities of accuracy, reproduciBility and 
sensitivity as well as reasonaBle ease and speed of use.
Hardness testing is the most commonly used technique, mainly Because of 
its simplicity and speed. It is an indirect technique and suffers from 
difficulties in the quantitative interpretation of results. The start 
of recrystallisation is difficult to detect, especially if recovery 
occurs concurrently, and the determination of the 50% recrystallisation
time or temperature By evaluating the 50% softening time or temperature
132 133is misleading Because of prior recovery . Mould and Cotterill have
, shown that Both the 50% and 100% recrystallisation times or temperatures
may Be accurately determined using a curve derivative technique. A single
hardness measurement will not Be an average value for the specimen Because
the process of recrystallisation is heterogeneous. Therefore an average
of several values taken over all the specimen must Be used.
The microhardness population count has Been applied to recrystallisation 
69 133studies 9 and is a good statistical method for single phase materials,
*
But it suffers from inaccuracies due to local strain fields in two phase 
alloys. It is also a very time consuming technique.
Optical metallography is another widely used technique. It is a sensitive 
method for the determination of the start of recrystallisation, and the 
use of a point counting technique enables the fraction re crystallised to 
Be determined at any stage. Grain sizes can also Be accurately measured 
and useful information concerning the processes of nucleation and growth 
may also Be obtained.
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Transmission electron microscopy has also proved to he useful in 
following the progress of recrystallisation directly, and again much 
information concerning/ the processes of nucleation and growth has heen 
obtained.
There are several techniques that utilise X-rays, and whilst they are 
sensitive to the detection of new strain-free grains, their accuracy 
and reproducibility can he poor when quantitative information on the 
extent of recrystallisation is required. They are most useful for 
studying orientation relationships between grains and the. development of 
textures during annealing.
Other techniques such as calorimetry, electrical resistivity and internal 
friction have been used and useful information has been obtained, but 
it is often difficult to standardise experimental conditions and data.
2.4*2 The Nucleation of Grains
Many theories for the nucleation of grains have been advanced and it is
•apparent that no single theory is universally applicable; this is not
surprising since recrystallisation occurs in a wide range of deformed
32 134
micro structures. Cahn ’ has summarised the experimental observations:-
(i) Nuclei form preferentially in regions of high local 
deformation including grain boundaries, deformation 
bands, inclusions and free surfaces.
(ii) The nucleation rate increases sharply with increasing 
strain above a minimum critical amount.
(iii) The nuclei orientations appear to be statistically 
related to the orientations of the deformed regions 
in which they form.
(iv) The nucleation rate may be constant or decrease with 
time; sometimes it increases, and there may be an 
induction period.
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The factors affecting the time dependence of the nucleation rate are 
not clear, hut prior recovery of the micro structure is obviously 
important in this respect.
2.4*2.1 The Classical Nucleation Model
This theory was developed for phase transformations and was applied to
23 135recrystallisation by Becker ; it was later expanded by Orowan .
28Their arguments have been critically reviewed by Burke and Turnbull , 
Oriani^^ and Bailey"*^.
The basis of the model is that nuclei form from atomic dimensions by 
a. random sequence of thermal fluctuations. Consideration of the energy 
of the embryonic nucleus means that the decrease in free energy (i.e. 
the stored energy of deformation,E) resulting from its formation and 
subsequent growth must be greater than the concurrent increase in 
surface energy. Thus the total free energy change, AF^, involved in 
forming a nucleus of radiuB r is:-
A Ig, =  - j tt r^’A F  -  4 tt r^ y   ........... (8)
(where Y is the interfacial energy and AF is the decrease in stored 
energy per unit volume and equals E, the stored energy of deformation) 
The condition for the nucleus to be stable and hence, able to grow is 
obtained by differentiating equation (8), i.e.:-
r ^  . . . . . . .  (9)
Substituting into equation (8) gives the total free energy change 
required to form a nucleus:-
AF = - . . . . . . .  (10)
T 3 AP
138The frequency of nucleation IT, is given by
i  =  k ^ T .  e“ A P b /^ T  . e A F T /^ :T . . . . . . .  (11)
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(where k^ is a constant related to the atomic volume, T is the absolute 
temperature,AF^ is the activation energy for boundary self-diffusion 
and k is Boltzman’s constant).
28 137
The minimum nucleus size has been calculated for copper and silver .
28For a reasonable nucleation rate in copper Burke and Turnbull showed
135that unreasonably high strains ( >0.20) are necessary whilst Orowan
has shown that the activation energy required for such a process is
134 6unrealistically high. Cahn considers that values of 10 eY for the
• •
activation energy and 500 A for the minimum nucleus radius are
unreasonably high for a random process. Assuming that the nucleus grows
137
in the cell walls in deformed silver, Bailey calculated the minimum 
nucleus radius to be 100 A and considered that it could not grow out of 
the cell walls since the stored energy must fall off rapidly to give the 
low observed average value.
The theory favours the formation of new grains with low misfit angles 
relative to the deformed matrix since this minimises the interfacial 
energy and hence the critical nucleus radius, but the opposite is often 
observed. It does account for an incubation period and predicts 
reasonable values of the nucleation frequency.
2.4*2.2 The Preformed Nucleus Models
The term 1 Preformed1 is applied to several models in the sense that the
location of the nucleus is in some way predetermined and that a nucleus
135is available to grow immediately. Orowan suggested that there is a 
gradual healing of regions in the distorted lattice until it is 
thermodynamically able to grow.
2.4*2.2.1 The Block Theories
25These were early attempts by Burgers  ^at a preformed nucleus model 
because of the difficulties in applying the classical theory to primary 
recrystallisation. The theories postulated the pre-existence of ^blocks* 
within the deformed structure; these blocks were or became relatively 
strain free, and on annealing grew into the surrounding strained matrix. 
There was little evidence for the existence of strain-free blocks until 
polygonisation and the recovery of cell structures were observed by 
transmission electron microscopy.
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2.4.2.2.2 Polygonisation and Cell Growth
Polygonisation of the deformed substructure during recovery (section
99 1393. 1) into dislocation - free subgrains led to the postulation ’
that some of these could become viable nuclei and grow into the
surrounding matrix. To do so requires a large misorientation between
99
a nucleus and the matrix and this is consistent with Cahn!s model .
This concept is also applicable to recovered cell structures where some 
cells (i.e. subgrains) grow into the surrounding matrix. .If there is 
a steady change in cell orientation across a region then as one cell 
grows it will accumulate more and more dislocations until eventually 
. it achieves a mobile high angle boundary. It is not clear how a cell 
wall maintains mobility during the early stages although there is ample 
evidence for such growth. The subgrain size "distribution in pure iron
«j q £
has been shown to be important in this respect by Smith and Dillamore ; 
more rapid growth occurred in those regions which had a wider subgrain 
size distribution and recrystallisation occurred by the growth of a 
large subgrain of rapidly annealing regions into the sluggish annealing 
•regions.
Further evidence for this type of nucleation has been reported by Walter 
and Koch^^ for 3% silicon - iron crystals deformed by rolling. The 
microstructure consisted of deformation bands separated by narrow 
transition bands which consisted of elongated cells bounded by simple 
tilt boundaries. On annealing these polygonised subgrains grew and 
some become effective nuclei which grew into the neighbouring deformation 
bands.
2.4.2.2.3 Subgrain Coalescence 
141Hu carried out a similar study on silicon-iron single crystals to that 
of Walter and Koch*^ and, although he made similar observations, he 
concluded that the growth of subgrains occurred by their coalescence.
He postulated that this happened by the rotating and merging of adjacent 
subgrains, fig.5« The dislocations gradually moved out of the disappearing 
sub-boundary into the surrounding ones. This mechanism requires 
dislocation climb along the boundary and movement of the atoms to allow 
rotation.
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(0 )
THE ORIGINAL SUBGRAIN STRUCTURE
(b)
ONE SUBGRAIN IS UNDERGOING A
, BEFORE COALESCENCE ROTATION
(c)
THE SUBGRAIN STRUCTURE JUST
(d)
THE FINAL SUBGRAIN STRUCTURE
AFTER COALESCENCE AFTER SOME SUBBOUNDARY MIGRATION
Fig.5 Subgrain Coalescence - Schematic. (After Li)
a
(24)
b
grains 2 and 4 coalesce, consuming grains 1 and 3,producing 
subhoundary (24)
Fig. 6 Geometric Coalescence (After Nielsen)
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142The model has heen analysed hy Li in both thermodynamic and kinetic 
terms and shown to he energetically feasible. The rate controlling 
process was considered to he either the diffusion of vacancies in the 
lattice or the movement of dislocations in the boundaries and depended 
on the misorientation of the boundary.
The evidence for this model rests upon the interpretation of Hu's
143
electron micrographs. Taneda also favours this mechanism for nucleation 
in single crystal sheets of pure iron. However, Smith and Dillamore^^ 
have used Li's expression to calculate the time for one coalescence for 
subgrain growth in pure iron and found that the predicted growth rate 
was 4 to 5 orders of magnitude slower than the experimentally observed 
rate. They concluded that subgrain coalescence was an unlikely 
mechanism of subgrain growth in pure iron.
2.4*2.2.4 * Geometric Coalescence
This model was postulated by Nielson*^ for grain growth phenomena in 
*
general. When two grains (or subgrains) meet they coalesce and the 
boundaries then migrate to form a much larger equiaxed grain with a 
considerably increased volume, fig.6. He defined a geometrical 
coalescence as the coalescence of two grains in which the boundary, 
adjustments occur entirely by virtue of atom movements from outside 
to inside the coalescing pair. A sequence of such coalescences cause 
a volume increase that approximates to a geometrical progression. New 
subboundaries with lower interfacial energies may be formed in the new 
coalesced grains.
Nielson applied this model to the nucleation of grains during primary 
recrystallisation. He suggested that geometrical coalescences will 
occur between polygonised subgrains with small relative misorientations 
(or with large misorientations but with the Kronberg-Wilson orientation 
relationships). These sub grains will then grow to a size that would 
permit them to survive, and eventually some will grow large enough to 
become 'runaway* grains i.e. nuclei for recrystallisation.
The growth of subgrains to 'runaway' status explains the existence of 
an induction period. The model also satisfies the oriented nucleation 
and oriented growth theories of recrystallisation (section 2.4.6)
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since the former is explained by the coalescences necessary to achieve 
the 1 runaway* state, and the subsequent rapid growth in a matrix 
dispersed with like oriented nuclei (with which such grains can coalesce) 
satisfies the latter theory.
2.4*2.2.5 Comparison of Models
The evidence for the relative importance of each nucleation model is not
unambiguous and it is typified hy the models of subgrain growth and
140, 141subgrain coalescence postulated for deformed silicon-iron crystals
The choice of model rests upon the interpretation of electron micrographs
(the evidence for coalescence rests upon the weak contrast between sub
/  A A T *
grains') , and detailed discussion by the investigators has not resulted 
in a clear explanation.
The coalescence model is not invalidated because of the interpretation
140
by Walter and Koch who acknowledge that it may be a significant
mechanism in may instances. Agreement between calculation and experiment
was obtained by Li"^ for coalescence in aluminium although
106similar calculations for iron shovred it to be an unlikely mechanism 
in that particular case.
Polygonisation does not appear to be as important a mechanism of direct
nucleation as originally thought. It occurs after low deformations and
. 102can be a relatively stable structure; Talbot , for example, found that
polygonised iron crystals did not recrystallise. Its importance, 
however, may be in the provision of a well defined substructure for 
other nucleation mechanisms. A well-recovered cell structure is similar 
to a polygonised structure and these are the prerequisite for both the 
subgrain growth and coalescence mechanisms and also the bulge mechanism 
(section 4*2.3). Subgrain growth from a recovered cell structure is 
probably an important mechanism of direct nucleation and has been frequently 
observed by electron microscopy.
There is a basic difference between the two coalescence mechanisms. The 
subgrain coalescence mechanism relies on the eventual formation of high 
angle boundaries around the growing subgrain to achieve mobility of its 
boundaries whilst the geometric coalescence mechanism relies on the
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considerable growth of the subgrain relative to its surrounding subgrains 
to provide boundary mobility, since high angle boundaries are not 
necessarily formed until it reaches the 'runaway* state. Boundary 
migration must be involved in the subgrain coalescence mechanism in 
order to optimise the interfacial boundary energy and thus remove the 
re-entrant boundary angles.
.2.3 Strain Induced Boundary Migration (Bulge Nucleation)
Nucleation by the localised migration of grain boundaries'was first
145reported in detail by Beck ana Sperry for the recrystallisation of 
high purity aluminium after cold rolling by up to 40%* They termed 
such nucleation "strain induced boundary migration”. Their material 
had a large grain size (about 1 cm dia.) and contained well defined 
subgrains. They observed that the boundary between two grains (which 
contained markedly differing subgrain sizes) bowed out into the grain 
with the finer substructure, fig.7> leaving a relatively strain-free 
area in its wake. The driving force was provided by the difference in 
strain energy of the two grains.
Using electron microscopy, Bailey and Hirsch ’ observed a similar 
process on a much finer scale in moderately deformed fine grained silver, 
copper and nickel. Presumably they observed the process described by 
Beck and Sperry at an earlier stage of migration. A complex cell structure 
was formed after deformation (up to 20%) and on annealing recrystallisation 
occurred by the formation and migration of grain boundary bulges. The 
bulge interiors were relatively dislocation free which suggested that 
the segments, of boundaries that migrated had few dislocations terminating 
on their concave side since these would have to increase in length as 
the boundary bowed; this was occasionally observed. The ends of the 
bulges were sometimes observed to be pinned by dense regions of dislocations 
their spacing being of the order of the cell size. The driving force is 
the reduction of stored energy, and the mechanism requires a heterogeneous 
distribution of dislocations.
157The situation, shown in fig. 8 was analysed by Bailey ; segments of 
boundary of length *21* bulged out to form a spherical cap of radius *r! 
and then continued to migrate. The decrease in free energy of the swept 
out volume is the decrease in stored (strain) energy less the increase
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(a) BEFORE MIGRATION
A
(b) AFTER START OF MIGRATION
Fig.7 Model for Strain-Induced Boundary Migration 
(After Beck)
2L— 2
>
/
/
\
\
M odel for the grain boundary migration process showing successive 
stages of migration 1, 2, and 3.
Fig. 8 Bulge Nucleation (After Bailey)
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in the interfacial boundary energy. This leads to the basic condition 
for the bulge to grow:-
(12)
(where Y is the interfacial energy and E is the stored energy difference 
across the boundary). Using experimental values of Y and E for 
silver, Bailey calculated that 1 >  0.5um which was in good agreement with 
the observed values of about 1um. The bulges observed in the optical 
microscope by Beck and Sperry were about 1mm in length and were presumably 
at a later stage of growth.
The kinetics of recrystallisation (as represented by AvramiTs equation, 
section 2.4*4) were shown to be quantitatively in accord with nucleation 
by the bulge mechanism. The growth rate was shown to pass through a 
minimum when the bulge was hemispherical; hence the bulge will grow slowly 
to a hemispherical shape and perhaps give rise to an apparent incubation 
period, and then the growth rate will accelerate. Thus the activation 
energy for recrystallisation is that for grain boundary migration.
For nucleation by strain induced boundary migration to be a dominant
mechanism it is desirable that the regions of high local deformation are
located at or near grain boundaries rather than in grain interiors, and
this is so for low to moderate deformations. At'higher strains the
general deformation distribution becomes more uniform. This is borne out
experimentally, bulge nucleation generally being observed in moderately
147 101 103deformed metals, for example in aluminium , iron ’ and silicon iron 
1/ft 1AQ
9 . An interesting example of bulge nucleation is reported by
18Doherty and Martin where the ends of the bulges are pinned by second 
phase particles on the boundary in an aluminium-copper alloy • deformed 
60%, In this instance other nucleation mechanisms are inhibited by the 
particles.
.2.4 The Martensitic Bucleation Model
150This model was postulated by Burgers and Verbraak to explain the
observed annealing texture of heavily- rolled copper. It requires quasi-'
martensitic shear of small volumes of the deformed lattice to produce 
nuclei bounded entirely by high angle interfaces, some of which would be
1 >  2Y
E
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highly motile. The model is supported by thermodynamic and crystallographic
151
arguments, hut these have heen critically reviewed • As no 
metallographic evidence for the model has heen reported, it must he 
viewed with some reserve.
2.4.3 The Growth Stage of Primary Recrystallisation
Once a stable nucleus is formed it will, continue to grow into the deformed 
matrix until the latter is consumed. This growth stage involves the 
migration of high angle boundaries that hound the nuclei, the driving 
force being provided by the reduction of the stored energy of deformation. 
The mobility of a boundary is an intrinsic property related to its /structure.
Many measurements of grain boundary migration rates have been made, and 
the many factors that influence the migration rate have been examined. 
Impurities, for example, slow migration rates considerably. The work in
152
this field has been reviewed by Aust and Rutter and Gordon and 
153Vandermeer .
2.4.3.1 Mechanisms of Grain Boundary Migration
154 155The first theories of migration were postulated by Mott ^ and Turnbull
before quantitative measurements on high purity metals were available.
Using absolute reaction rate theory they derived expressions for the
migration rate of high angle boundaries. Turnbull assumed single atom
transfer across the boundary and obtained the following equation in terms
of a diffusion coefficient for atom transport:- '
Gm= ,Do* exp.(-ivfep) . .  .............   (13)
' a .ET
(where Gm is the migration rate, p is the distance moved by the boundary 
locally when one atom is transferred, a is approximately the lattice 
parameter, A P  is the driving force/mole, R is the gas constant, T is 
the absolute temperature and D0 and Q, are the pre-exponential term and 
activation energy for the diffusion process).
This can be expressed in a simplified form:-
Gm = V  exp (“O A 1) (14)
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Most experimental results are in good agreement with this relationship.
Turnbull suggested that the activation energy harriers involved in his
model .were similar to those involved in grain boundary self-diffusion and
that the rate controlling step was related to the diffusion coefficient
for atom transport along the boundary. After comparing calculated
activation energies for boundary migration and lattice self-diffusion,
he concluded that the atomic mobility in grain boundary migration is
several orders of magnitude larger than that in lattice self diffusion
and that the entropy should be almost zero. However measurements show
that the activation energies are similar and the entropy change is often
high; these anomalies were attributed to impurity effects. This theory
is known as the "single process theory" and is similar to that developed
156
by Beck, Sperry and Hu .
Motts "group process theory" involved atom transfer across the boundary 
in groups to account for the high activation energies and entropy changes 
and an expression similar to equation (13) was obtaine'd that involved the * 
number of atoms in'the groups. There is no theoretical basis, however,
• for atom transfer to occur in groups.
Unsatisfactory comparisons of experimental migration rates with theoretical
estimates was resolved by later work on high purity materials. Aust and 
157Rutter obtained order of magnitude agreement with the single process
theory of Turnbull for zone refined lead but unsatisfactory agreement
with the group process theory of Mott. Similar results were obtained by
158
Holmes and Winegard on zone refined lead and tin. The activation
152 153energies were also found ’ to be less than that for lattice self 
diffusion, which is logical if the grain boundary is considered to be 
region containing excess vacancies and that it migrates by means of a 
vacancy- atom interchange.
159An alternative model has been suggested by Li to account for the 
orientation dependence of boundary mobility. He considers that the 
mobility depends on the freedom of movement of individual atoms in the
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boundary, and this freedom increases with increasing angle of misfit 
since the 1porosity1 (the volume increase/unit area of boundary) also 
increases. His model infers that the activation energy for migration 
decreases with increasing angle of misfit hut this is not in harmony with 
the observations of Aust and Rutter.
"160More recently Gleiter has proposed a theory of boundary migration 
based on his electron microscopy observations that grain boundaries in 
an aluminium-copper alloy had a step-like structure. During migrations, 
atoms were emitted from the steps of the shrinking grain and absorbed 
on the steps of the growing grain by a Frank spiral mechanism., The . 
boundary, therefore, migrated perpendicularly to the grain boundary plane.
161The general validity of Gleiter!s model is questioned by Levy and it 
may only be applicable in special instances.
2.4.4 - The Kinetics of Recrystallisation
It has been generally observed that the progress of isothermal recrystal-
lisation follows a Sigmoidal curve with respect to time, and also that
there may be an incubation period. These kinetics have been accounted
for by theories on the basis of nucleation and growth; the principal ones
162 *l 63are due to Johnson and Mehl and Avrami and these have been reviewed
28 74.
by Burke and Turnbull and Byrne . Their main features are now 
considered.
Assuming the rate of linear growth, G^, of a new recrystallised grain 
remains constant with time and neglecting impingement, the volume, v, of
a particular grain at time !t! is given by:-
v = F. Gx.Gy.Gz(t-to)3 . . . . . .  . . . . .  (15)
(where Gx, etc. are the growth vectors in the three mutually perpendicular 
directions x,y and z, F is a shape factor and tQis the incubation period) 
The number of grains, dn, originating in a time interval dt is:-
dn = H (l-X)dt . . . . . . . . . . .  (16)
* For thin sheets of thickness 5 , equation (15) is given by:
Q
v = F.Gv.G,r. 6 (t-t_) and for thin wires of diameter 6 it becomesJL Jp ' O '
v = F.GX. 5* (t-tQ)
-41-
(where IT is the nucleation frequency/unit volume and X is the fraction 
recrystallised)
An apparent number of grains, dn'can he defined:-
dn' = dn + NX.dt = Ndt . . . . . . . . .  (1?)
(where NXdt is the number of ghost grains that would have originated 
in the fraction X if it had not already recrystallised)
To overcome the problem of impingement, Avrami used a concept of an
extended volume, X :- 
7 ex
X ■= f* Tfln' = F.G .G .G . f* (t-t )3.Mt . . .(18) ex J x y z  j ^ o 7
o o
Now X and X are related:-
(19)
and substituting this into equation (.18) gives:-
X = 1 - exp. ( - J* v.dn')   . . (20)
• o
The solution to equation (20) depends on the form of the relationship 
of N with time t. Johnson and Mehl suggest it should be experimentally 
determined whilst Avrami assumed an explicit form:-
N = N. v exp. (- v t)  ............(21)
(where N is the total number of preferred nucleation sites each with a 
frequency v ).
Substituting into equation (20) and integrating leads to the approximate 
solutions:-
If 11 vtn is large:
X = 1 - exp. ( - F.Gj . N.t5) . . . . .  . (22)
ax
dX
= 1 - X
ex
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and for 11 vtM — > 0:
X = 1 - exp. ( - F.Gm5 .5. t4/4) . . . . .  (23)
The last equation is the same as that derived hy Johnson and Mehl when 
•
N was assumed to he independent of time. Avrami proposed for 
recrystallisation in general thats-
X = 1 - exp ( - Btk ) . . . . . . . . . . (24)
where 3 4 £ox three dimensional recrystallisation, and
2 ^  k ^  3 for two dimensional and 1 ^  k^!2 for unidimensional 
recrystallisation.
■ m
Avrami^ theoiy is flexible although it requires that N is constant 
or decreases with time, hut this behaviour is not always observed.
Johnson and Mehl*s treatment is therefore preferable since it does not
* , #
assume any form for N. In lightly deformed aluminium, N has been found
to be of the form:-"^’" ^
N =  a. exp. (bt) . . . . . .  ..........   . . . (25)
(where a and b are constants)
Both theories are based on the assumption that the growth rate, Gm , 
remains constant which is clearly not the case if recovery occurs 
concurrently with recrystallisation since the driving force will be 
reduced. The growth rates in iron^^ and silicon iron^^’^ ^  for example 
are of the form:-
Gm = Kg.fm . . .  . ... . .  ............  (26)
(where Kg is a constant and )
169Loria et al have expressed doubts on the use of Avrami1 s equation 
(equation 24) in such instances and on the significance, of the values 
of k in her equation in determining the dimensionality of growth; they 
suggest that:-
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k —  ii ~ (n.m.) + a (27)
(where n is the dimensionality of recrystallisation and O ^ a  1)*
Deviations in the recrystallisation behaviour of pure aluminium doped with
copper from that predicted by equation (24) have been observed by Vandermeer
170and Gordon who correlated them with the decrease in growth rate with 
time which was due to concurrent recovery reducing, the driving force for 
growth. Using stored energy measurements, the magnitude of the driving 
force with time was determined and equation (24) was modified to take the 
driving force into account
X = 1 - exp, X -  C(PRt)23 . . . . . . .  (28)
(where C is a constant and P^ is the driving force for recrystallisation),
A .straight line relationship without deviations was obtained and with a 
slope of two which indicated two dimensional growth in accord with 
observations,
2.4« 5 The Concept of an Activation Energy
Although isothermal recrystallisation data has often been interpreted in 
terms of an activation energy for recrystallisation, it must be remembered 
that two processes (of nucleation and growth) occur separately and 
simultaneously. If these are thermally activated then each will have an 
individual activation energy. Hence, it is apparent that calculations of 
an overall activation energy for recrystallisation are misleading and of 
doubtful value.
2.4.6  Annealing Texture
"When a deformed metal is annealed it develops an annealing texture as a 
result of recovery and recrystallisation processes. The texture developed 
depends upon the amount and mode of the initial deformation and the 
annealing temperature. Two theories, the oriented nucleation theory and 
the oriented growth theory, have been postulated for the development of
60annealing textures and these have been reviewed by Dillamore and Roberts
171and Grewen .
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In the oriented nucleation theory , the important factor is the 
nucleation process since this determines the range of available nuclei 
orientations that are available to grow and thus contribute to the
152 172
recrystallisation texture. However, in the oriented growth theory * 
the texture is said to result from growth selection due to the orientation 
dependence of the grain boundary mobility rate.
The relative importance of each mechanism in determining the annealing 
texture will depend, upon the deformation substructure, and it is probable 
that both mechanisms operate together in many instances. Indeed many ' 
workers favour a composite theory^.
The annealing textures developed from cold-rolled b.c.c. metals are
60similar to their deformation textures although in pure iron there is
an increase in the proportion of {111} oriented grains^’^ ^. Studies
56of annealing textures by Hillamore et al . in cold rolled pure .iron 
showed that oriented nucleation predominated in the -selection of 
orientations, and nucleation occurred by subgrain growth preferentially 
in the (111) £T 1CQ and (110) [T10] orientations.
2.4.7 Factors influencing Primary Recrystallisation
The influence of dispersed phases is dealt with separately in section 
2.4.8.
2.4.7.1 Metal Purity
There is ample experimental evidence that impurities in deformed metals *
retard their recrystallisation characteristics. For example Mould and 
21Cotterill showed that iron solute in aluminium caused increases in the
start of recrystallisation temperature and in the temperature range over
170which recrystallisation occurred. Vandermeer and Gordon found that 
copper solute in aluminium favoured recovery over recrystallisation and 
this caused a progressive decrease in the driving force for recrystallisation 
which resulted in a decrease in the linear growth rate of the recrystallising 
grains.
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117118Similar observations have been made on iron. Leslie et al 9 showed
that manganese and molybdenum additions retarded the growth rate and
hence recrystallisation during isothermal annealing. The growth rates
also decreased with time due to concurrent recovery. The effect of
different. solute elements on the isochronal annealing behaviour of iron
119has been quantitatively examined by Antonione et al and by Abrahamson 
174and Blakeney ; retardation of recrystallisation was observed for all
additions although the increase leveled out at higher solute concentrations.
The amount of retardation was correlated with the number of outer shell
174electrons of the solute element . Again, retardation was attributed to 
a reduction in the growth rate which was due to the "impurity drag" effect 
at low concentrations. Interstitial impurities (carbon and nitrogen) 
appear to have little effect on ^ crystallisation^^’
The reduction of boundary migration rates by impurities was first verified
152by the classic work of Aust and Rutter ■ on zone refined lead with tin
17*^ —17R
impurities. Many theories have been proposed for the "impurity
153drag" effect on migration and these have been critically reviewed .
The basis of the theories is that the impurities cause drag on grain 
boundaries as they migrate ; thus their rate of migration is controlled 
by the rate of diffusion of the solute atoms..
2.4.7.2 Deformation
Generally, recrystallisation is accelerated with increasing amounts of
deformation due to an increase in the stored energy and hence the driving
force, whilst the final grain size is reduced, (see the Laws of Recrystal-
. lisation, section 2• 4* 1 • 1) • The distribution of strain within a deformed
metal is also important since it strongly affects the processes of
179nucleation and growth. For example, Michalak and Hibbard have shown
that iron recrystallises at a lower temperature when it is deformed by
straight rolling instead of cross rolling, and this was due to the increased
dislocation density introduced by the former deformation. Molybdenum sheet
180has also been found to be sensitive to the mode of deformation . When 
deformed to equivalent strains by either tension, drawing, rolling or 
compression, it recrystallised more readily in that order; the final grain 
sizes grew larger in the same order. This variation in behaviour was also 
attributed to a variation in dislocation densities produced by the different 
deformation modes.
-46-
The need for a minimum deformation so that recrystallisation can occur 
arises from the need to provide a suitable substructure in which nucleation 
can occur and to provide a sufficient driving force for boundary migration.
The temperature of deformation influences the recrystallisation behaviour
115-since it affects the stored energy .
2.4*7*3 Annealing Temperature
The general effects of annealing temperature have already been summarised
(section 2.4* 1.1). The temperature affects the nucleation and growth rates
which both increase with increasing temperature, although the growth rate
becomes more dominant^^and this results in larger grain sizes. The growth
rate especially is affected by concurrent recovery during annealing, and
170this becomes more significant at lower temperatures .
2.4*7*4 Prior Grain Size
*
A decrease in prior grain size generally causes an increase in dislocation
density (and hence stored energy) for a given deformation; this effect
becomes less significant at high deformations. Hence at moderate strains,
a decrease in grain size should result in an increased driving force for
recrystallisation and accelerated recrystallisation has been observed in
copper^’^  and aluminium alloys^’2*' for example; the acceleration has
1821been attributed to increased nucleation rates *
Grain boundaries have frequently been observed to be sites for preferred 
. nucleation since they are regions of high local deformation^2’ 
and indeed, the bulge nucleation mechanism depends on the existence of 
high angle boundaries. Therefore, the nucleation rate can be expected 
to be dependent on the grain size since this determines the amount of 
boundary surface area available.
2.4*7*5 Specimen Geometry
This can be important from two aspects. Firstly, the achievement of a 
particular shape, e.g. wire or sheet, often demands particular methods 
of deformation and therefore influences the type of deformation substructure 
formed. Rolling, for example, tends to result in higher degrees of
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deformation in the surface layers and hence recrystallisation will not 
occur uniformly throughout the sheet thickness.
The recrystallisation behaviour can also be influenced by the physical 
shape of the specimen. Boundary migration is restricted in one direction 
in thin sheet and in two directions in wire which leads to two- and one­
dimensional growth respectively. These factors must be taken into account 
in kinetic analyses (section 2.4*4)*
The annealing behaviour of thin foils is different from that of bulk 
137material; Bailey found a retardation of recrystallisation in foils of 
silver and noticed that the final grain size increased with foil thickness 
due to a retardation of boundary mobility with decreasing thickness. The 
latter effect was probably due to surface tension effects and a reduction 
in the number of excess vacancies which migrate to the surface.
2.4*7*6 Recovery
Prior recovery of the deformation micro structure appears to be a necessary 
requirement for the onset of recrystallisation since the formation of 
nuclei requires some rearrangement of the dislocation substructure. Some 
• recovery probably occurs in practise during the heating up period and the 
absence or otherwise of an incubation period may be a reflection of the 
extent of recovery during heating-up. Recovery results in a decrease in 
stored energy (and hence driving-foree) and therefore for optimum 
recrystallisation a balance must be struck.
Concurrent recovery during recrystallisation leads to a progressive decrease ?
in driving force and this is reflected mainly in a decreasing growth rate
117*170,182 deviations from the Avrami kinetic behaviour; the
185nucleation rate may be increased .
166
Rosen et al have shown that prior recovery treatments increase the 
nucleation rate slightly in high purity iron and decrease the growth rate 
a little which results in little change in recrystallisation overall. As 
the temperature of prior recovery increased, the point of deviation from 
Avrami kinetic behaviour also increased which is indicative of a decrease 
in concurrent recovery (which causes a decrease in growth rate).
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2.4*8 Recrystallisation of Alloys containing a Dispersed Phase
The presence of dispersed particles in an alloy has been found either 
to accelerate or to retard recrystallisation. This apparently conflicting 
hehavionr may be rationalised by consideration of the dispersion parameters 
i.e. particle size, shape and spacing. Table 1 lists some instances of 
accelerated or retarded recrystallisation which are reported in the 
literature together with the relevant dispersion data, and it can be seen 
that acceleration is generally observed in the presence of large particles 
which are widely spaced whereas the converse is observed for retardation.
The experimental observations are discussed in more detail in the following 
sections. It should be noted that the values of interparticle spacings, 
where quoted, are those used by the authors; the numerical values are 
dependent on the definitions used to evaluate them and this is discussed 
fully in the appendix.
2.4.8.1 Accelerated Recrystallisation
1 RA
•Richards and Pugh reported indirect evidence that the presence of 
precipitated particles in commerical aluminium accelerated recrystallisation. 
The recrystallisation temperature decreased with increasing volume fraction 
of particles; however, the matrix impurity level also deceased and the 
relative effects of particles and solute content could not be easily
185resolved. Similar evidence was reported earlier by Williams and Eborall 
for aluminium-copper alloys.
1
More direct evidence was provided by Martin who showed that silica *
particles in copper crystals lowered the recrystallisation temperature, 
and this was further reduced with an increased volume fraction of particles. 
However, quantitative interpretation was difficult because of large 
differences in particle size between alloys.
1 P,7
The observation by Phillips and Phillips that recrystallisation was 
faster in a finely dispersed copper-tellurium alloy than in one containing 
three times as much tellurium may have been due to differences in particle 
size and spacing.
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The recrystallisation of aluminium-copper alloys containing precipitated
18
Cu Alg phase has heen studied quantitatively by Doherty and Martin .
Their results showed accelerated recrystallisation (compared to the solid 
solution alloy) for alloys with particle spacings in the range 1.6-4um; 
the degree of acceleration increased with spacing, although it obviously 
would have to decrease at some point. Approximate measurements indicated 
that the acceleration was due to an increased nucleation rate; smaller 
final grain sizes were also observed.
That acceleration is due mainly to an increased nucleation rate has been
110observed by other workers; measurements by Antonione and co-workers *
116 131 188
9 9 on irons cold rolled 80% and containing carbides, nitrides
or oxides showed a much increased nucleation rate compared to pure iron, 
fig.9« Leslie and Hicks"* ^  reported that oxide inclusions (about 1 urn dia.) 
were associated with several new grains during the annealing of iron 
deformed 60%; this resulted in accelerated recrystallisation and a finer 
grain size. Similar observations were reported by English and Backofen 
for large inclusions in hot worked silicon-iron and by Antonione and co- 
workers"*^ >188 for large oxide particles in iron.
The experimental evidence indicates, therefore, that increased nucleation 
is directly associated with the presence of large dispersed particles 
which act as nucleation sites. This can be accounted for in a qualitative 
way since particles increase the lattice curvature locally during
02 0 r
deformation the magnitude depending on the particle size and shape .
The particle spacing must be sufficient to allow the nuclei to grow. 
Quantitative verification of the association between nuclei and particles 
has been obtained by Gawne and Higgins"*^ for a carbide (0.68um dia.) *
dispersion in a 0.4%C steel cold rolled 65%. They found that in the early 
stages of recrystallisation the carbide particles were the exclusive 
nucleation sites. Their results also suggested that there is a critical 
particle size necessary for such nucleation and this equals the subgrain 
diameter ( ^  0.51*01).
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Fig.10 The Influence of Particle Fraction and Grain 
Size on the Number of Nuclei in Al-Fe Alloys 
(After Mould and Cotterill)
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82Gawne and Higgins also studied the effect of the carbide dispersion 
upon the annealing texture. There was little change in texture after 
recrystallisation (compared to the deformation texture) whereas in pure 
iron^^ the proportion of { 110^ oriented grains dropped sharply. The 
lack of change of texture on annealing was attributed to particle- 
stimulated nucleation in all orientations which destroyed the differentiation 
that normally occurs in pure iron. There was, however, a change in 
inclination in the £100^ and [ill] components, and this was rationalised 
on the basis of the relative misorientation of the subgrains.
A detailed study of the effects of relatively coarse ('A0.8um dia) Al^Pe
21particles in 60% cold rolled aluminium-has been made by Mould and Cotterill . 
The contribution of grain boundaries to nucleation was taken into account 
(a feature omitted in most other work) so that the quantitative effect of ' 
particles was ascertained unambiguously. The two phase alloys were stabilised 
at 450°C (i.e. above the recrystallisation temperature range) to ensure 
a constant matrix composition, and the progress of recrystallisation was 
followed metallographically and by a hardness technique . Their results 
are summarised in figs.10 and 11.
The influence of inital grain size on recrystallisation was found to be 
much reduced at higher particle concentrations. The start of recrystal­
lisation was influenced little by the presence of particles (also noted
1 O Q
by Leslie and Hicks in iron ), their effect being principally to increase 
nucleation (at particle/matrix interfaces) and thus facilitate the progress 
of recrystallisation. The growth rate showed little variation and therefore 
the final grain sizes decreased with increasing particle content.
*
The closest particle spacing of the alloys was 41™  and their results
18dovetailed neatly with those of Doherty and Martin ; from the combined 
data they developed a hypothesis for dispersed phase recry3tallisation, 
which is discussed in section 2.4.8.3.2.
The effect of dispersed particles on the kinetics of recrystallisation
1 RR
has been examined in pure iron alloys dispersed with carbides or oxides .
The value of *k* in the Avrami equation (equation 24, section 4.4) for 
pure iron was 2.2; this dropped to 1.9 when a small amount of carbides 
were present and dramatically to 1.1 in the presence of coarser oxide 
particles.
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The latter alloy had a considerably increased nucleation rate, nucleation 
being associated with the oxides. The change in the value of !k* is 
indicative of a change from two dimensional to uni-dimensional growth 
when oxide particles were present; this was in accord with the metallographic 
observations, i.e. copious boundary nucleation in pure iron and multi- 
nucleation around the oxide inclusions in the two phase specimens.
2.4*8.2 Retarded Recrystallisation
9 87 128 191 "195Many studies by Grant and his co-workers 9 9 9 on oxide - dispersed
copper and nickel alloys has shown that the resistance to isochronal
recrystallisation increases as the volume fraction of dispersed particles
increases, often to temperatures close to the melting point; this is
19?illustrated in fig. 12. It was concluded by Preston and Grant that 
the closely spaced particles pinned dislocatfon movement and impeded 
subgrain and grain boundary migration, thus stabilising the deformed 
structure.
The recrystallisation behaviour of an internally oxidised silver-aluminium
196• alloy has been examined by Gatti and Pullman who observed that 
recrystallisation was inhibited by the fine (0.01-0.02um dia.) oxide 
dispersion; calculation showed that this retardation could be rationalised 
on the basis of the Zener model for particle induced restraint of boundary 
migration (section 4*8.3*1)*
*129A study of nickel-tantulum alloys by Detert and Ziebs showed that one 
alloy took longer to recrystallise and had a large final grain size.
Electron microscopy studies demonstrated that this retardation was liiiked 
to the occurrence of fine ( 0.02um dia) precipitates at subboundaries.
Their work suggested that retardation of recrystallisation was due 
principally to a reduction in nucleation rate rather than to particle 
induced restraint of migration. The particle spacing was about 0.05um 
which is sufficiently small to prevent the formation of viable nuclei.
126
Brimhall et al used transmission electron microscopy to study the 
annealing behaviour of internally oxidised silver-magnesium and copper- 
aluminium alloys. As in the case of the pure metals (i.e. silver and 
copper), annealing involved the formation and subsequent growth of subgrains 
from the deformation cell structure. In the dispersion alloys the kinetics
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of both subgrain formation and growth were very slow, and they attributed 
this to the nature of the deformation microstructure which did not contain 
regions of severe lattice curvature (i.e. there were small mis orientations 
between cells). The particles also exerted a restraint on dislocation 
rearrangement. As a result, the formation of mobile interfaces during 
subgrain growth was difficult. They observed that recrystallisation 
occurred by the slow growth of subgrains rather than by the rapid migration 
of high angle boundaries.
125Similar observations were reported by Ryan and Johnstone who studied
the effect of a tantulum carbide dispersion on the recrystallisation
behaviour of chromium. Severe retardation was observed, although the
sequence of events was similar to that of pure chromium. Deformation
resulted in a more complex dislocation distribution due to the initiation
of slip on many independant systems and an increasing frequency of cross-
slip. There was an absence of any marked lattice misorientation within
the grains. Hence during recovery subgrain formation was more difficult
and was further restricted by the carbides, and this was considered to 
*
be the prime factor in retarding the onset of recrystallisation. Subgrain 
growth (either by migration or coalescence) was also hindered by the 
dispersion, thus retarding the formation of high angle mobile boundaries, 
the migration of which resulted in recrystallised grains.
The previous paragraphs indicate that retarded recrystallisation results
from an inhibition of both nucleation and growth, the former being the
124-dominant factor. Further evidence is provided by Scharf and Gruhl who 
studied the influence of fine (0.04-0.5um dia.) precipitates in 
aluminium'alloys.; the dispersions retarded the mobility of dislocations ?
which in turn retarded subgrain formation. Similar observations were made
a a
by Leslie et al on an iron - 0.8% copper alloy containing fine (0.1um 
dia) precipitates.
130 197Studies on SAP aluminium alloys by Nobili and his co-workers ’ have 
shown that recrystallisation is retarded to higher temperatures with 
increasing alumina content and two recovery stages are revealed. These 
stages were correlated to the sharpening of the cell structure by dislocation 
rearrangement and annihilation followed by subgrain growth (by the coalescence
1 Qfl
mechanism). Further work on SAP/aluminium sandwiches by Desalvo and Hobili
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in which artificial aluminium nuclei were formed at the SAP interface
showed no change in the recrystallisation temperature range for the
SAP alloys. They concluded that the oxide particles hindered grain
boundary migration and this was the rate controlling process. However,
their experiments do not exclusively prove this since they do not show
199that nucleation is not equally hindered as Bhatia has already pointed 
out.
Similarly, Littman*^ attributes the retardation of recrystallisation 
in silicon-iron crystals containing fine ( <  0.1um dia) MhS dispersions 
to the retardation of boundary migration, although no micro structural 
evidence for this was presented. Nucleation may have been also signifi­
cantly hindered.
120Gladman et al have demonstrated that the particle spacing (as well 
as the particle size) is an important factor in retarding recrystallisation 
in steels. When carbides or nitrides were present at volume fractions 
of 0.05-0.10% as very fine particles of ^ 0.05um dia., retarded 
recrystallisation was observed. This was attributed to their stabilisation 
of the deformation micro structure; cell formation was retarded. The low 
nucleation rate that resulted was reflected in coarser final grain sizes. 
When the same volume fractions were present as 0.2um dia. particles there 
was little effect on recrystallisation rates as there, were insufficient 
particles to effectively pin the subgrain boundaries. The particle spacing
was such that a subgrain size of 5 ™  dia. would have been pinned, but the
observed subgrain size was about 1 urn dia. Also, the particles were too
small to act as nucleation sites and therefore cause acceleration of
recrystallisation.
Further evidence for the importance of the particle spacing was obtained 
123by Ryum who studied the behaviour of an aluminium alloy containing 
Al^Zr precipitates which were distributed in colonies. The deformation 
microstructurewas consequently heterogeneous, cell structures being 
suppressed in regions of high particle density. During annealing, nuclei 
bounded by high angle boundaries grew rapidly from the cell structure in 
areas with a low particle density (i.e. widely spaced particles), whereas 
in regions with a close particle spacing, recovery of the deformed structure 
was slow and nuclei were never observed to develop. This structure was
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only eliminated "by the growth of nuclei from the regions containing 
widely spaced particles.
18 19Doherty and Martin 9 examined the recrystallisation behaviour of single 
crystals and polycrystalline alloys of aluminium containing CuAl^ 
precipitates (0.4-0.66um dia) and observed retarded recrystallisation 
(compared to the solid solution alloy) for alloys with particle spacings 
closer than 1 •35'™ lor polycrystalline material and 1.9um for single 
crystals. Their results are summarised in figs. 13 and- 14» It can be 
seen that the absence of grain boundaries caused more severe retardation 
and this was correlated with the observation that nucleation occurred 
preferentially at grain boundaries by strain induced boundary migration. 
Measurements of the nucleation and growth rates showed that nucleation 
was the rate controlling proces^ fig.14> and they concluded that for 
nucleation to occur the embryonic nuclei must reach the critical size 
with sufficient misorientation while still smaller than the particle 
spacing. If the embryonic nuclei (i.e. subgrains) are impeded by particles 
then the adjacent subgrains also grow to a similar size and thus the driving 
force is reduced.
20
Humphreys and Martin carried out a similar study on copper crystals 
dispersed with silica particles. They attributed the retardation of 
recrystallisation to decreases in both nucleation and growth rates by 
comparable amounts. The greater significance of the growth rate was due 
to the finer size (0.05-0.08um dia.) of the silica particles and the high 
interfacial energy between copper and silica, (see section 2.4-8.3-1*')
127Purxher work by Humphreys and Martin on deformed copper-cobalt 
crystals has shown the significance of the deformation micro structure in 
retarded recrystallisation. The crystals were annealed at temperatures 
at which the Cobalt particles (0.08um dia.) were redissolved, but little 
structural change was observed subsequently. The ability of the crystals 
to resist recrystallisation vas ascribed to the stability of the recovered 
structures and the absence of suitable nuclei. This arose from the 
increased homogeneity of the dislocation distribution during deformation.
-57-
i
30
2-2
20
R in / i
14
SB I1-0
06
IO* 10*IO* IO*
t, in t«c- '
! ' 2
Variation of the interparticle spacing (R  in p) against the time for 50% recrystallisation.
The open circles are the uniform crystals, the filled circles are for alloys artificially nucleated, and 
the dotted line gives the corresponding results for the polycrystalline alloys. The time for 60% 
recrystallisation for the single-phase alloy SB 1 is shown by the vertical line.
Fig. 13 The Variation of the Time for 50% Recrystallisation 
with Interparticle Spacing in Al-Cu Alloys. (After 
Doherty and Martin)
>3
30
R in  f i
0 6
-1-3 '4o3 I4S■7 4
Tire variation of logioof the apparent rate of nucleation (-V0 with the intcrpartide spacing 
R (in microns) for the single crystals (triangles) ami the polycrystallitie alloys (circles).
Fig. 14 The Variation of the Apparent Nucleation Rate with 
Interparticle Spacing in Al-Cu Alloys. (After 
Doherty and Martin)
-58”
201
Gawne examined the recrystallisation behaviour of heavily deformed
iron - 2% copper alloy containing 0.05um dia particles with a spacing
of 0.2um. He observed retarded recrystallisation which was due to
126inhibition of nucleation. In contrast to Brimhall et al , Humphreys 
1 ° 7  i OR
and Martin , and Ryan and Johnstone , this inhibition was not due
to low subgrain misorientations (these were similar to iron) but to
pinning of the subboundaries by the copper particles. Growth did not
appear to be significantly affected once viable nuclei had formed.
Nucleation was found to be more sensitvely orientation dependant compared
to iron and the resulting recrystallisation texture was different to that
of iron; the intensity of (100) oriented grains was sharply reduced.
The importance of the dislocation structure to recrystallisation is
202illustrated by the work of "White and Carnahan on thoria dispersed 
nickel. The maximum resistance to recrystallisation was only attained 
by-repeated cycles of strain followed by a recovery anneal. Each cycle 
rearranged the dislocation distribution into a more stable configuration, 
and also improved the high temperature strength.
I
2.4*8.5 Mechanisms of Recrystallisation in Dispersed Phase Alloys
2.4*8*3*1 Retardation of Boundary Migration by Particles 
205Zener  ^was the first to point out that dispersed particles could slow 
a boundary migrating under a fixed driving force. Also the magnitude 
of the drag was a function of the particle size, and the dispersion limited 
the attainable grain size. The basis of his theory is as follows:-
The intersection of a migrating boundary with a spherical particle is 
shown schematically in fig.15* The drag, P, exerted by the particle of 
radius ’r ! resolved perpendicularly to the boundary is:-
P = TT .r. Y .sin 2 0 (29)
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Pig. 15 Interaction of a Migrating Boundary with a Particle 
(After Zener)
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(where Y is the interfacial energy)
The maximum value of P will occur when 0 = 45°>
. P = n.r.Y . . . . . . . . . . .  (30)max ' '
The number of particles intersecting a unit area of boundary,
23 F.y/2 n r and the total retarding force, P^, per unit area of 
boundary is:
^p ~ ^A'^maT ~ • . . . . . . . . . .  (31)
2r
r
If we assume typical values for equation (31) i.e. P =0.001, Y ^  800 ergs/cm*
204- c 2
for iron and r = 0.05um then P^ is about 3*10 dynes/cm .
During grain growth, the driving force for boundary migration* is the
reduction in grain boundary energy, i.e. 2 Y w h e r e  R is the grain
radius. Growth will stop when drag due to particles balances the driving force
at a critical radius R i.e.:-» cnt,
P = 2  Y . . . . .  . . . . .  (32)
p B^[t
Thus the average limiting grain size of radius R is given by:-
« - f f -  . . . . . . . . . .  (33 )
v
This relationship, proposed by Zener, has never been experimentally 
verified although its validity is generally accepted. *
OAC
Gladman has criticised this relationship (which was derived by analogy 
with a soap bubble) on the basis that the driving force for migration 
(2Y / y  relates to a contracting spherical surface with no attached 
interfaces, and hence equation 33 niay be expected to overestimate the 
driving force for growth since the contraction of one interface will 
usually involve the expansion of other attached interfaces.
* During recrystallisation the driving force is the reduction of the 
stored energy of deformation
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206
Hillert recognised that large grains grow at the expense of small
ones and Gladman has utilised this fact to develop a more sophisticated 
205theory , especially in an attempt to explain the phenomenon of abnormal 
grain growth in the presence of a fine dispersed phase. His criterion 
for grain growth is:-
r  = 6SFv
crit 2 Z . . . . . . . . . .  (34)
where critical particle radius for grain growth to occur,/
R is the mean grain radius and Z is the ratio of,the radii of the growing 
grain to its neighbouring grains. Predicted values of ,rcr^^ .! showed good 
agreement with experimental values obtained in grain coarsening experiments.
Whilst both theories described above relate to grain boundary migration ■
201there is no reason to doubt their applicability to subgrain growth; Gawne 
has utilised Gladman’s criterion to explain the nucleation stage in an 
Fe- 2% Cu alloy (section 2.4.8.2)
Grain boundaries do not necessarily have to unpin from particles in order
207
to migrate; dragging of particles by the boundary has been observed 
when the driving force for migration is small.
2.4.8.3*2 The Mould - Cotterill Hypothesis
21This hypothesis was postulated by Mould and Cotterill to explain the
21
experimental observations of recrystallisation in aluminium-iron and 
18
-copper alloys, and is applicable to both isochronal and isothermal 
recrystallisation. It is based on the assumption that the overall internal 
energy of the deformed material is not significantly altered by the particle 
content, and its essential features are set out below.
At wide particle spacings when only a few particles are present, the 
recrystallisation behaviour of a dispersed phase alloy will be similar to 
that of the matrix phase. Hucleation will occur chiefly at the original 
grain boundaries and hence the number of active nucleation sites will 
depend on the initial grain size. Since these are not homogeneously
distributed there will be a relatively wide variation in the as 
recrystallised grain size and shape. Some nucleation will also occur 
at particle/matrix interfaces, and this will occur increasingly as the 
number of particles increases, i.e. as they become less-widely spaced.
These nucleation sites are more uniformly distributed. There will be 
three effects resulting from such nucleation:-
(1) The recrystallisation start temperature (in isochronal 
recrystallisation) will be less sensitive to changes 
in grain size.
(2) The overall nucleation rate will be increased and the 
variation of nuclei density with grain size will be 
reduced.
(3) Since nucleation is more uniformly distributed the 
final grain size will be more uniformand also smaller.
Thus increasing the particle content increases the nucleation rate and 
hence accelerates recrystallisation since the nuclei have less distance 
to grow before impingement occurs.
This trend of increasing nucleation will only occur provided that the 
interparticle spacing is such that nucleation can occur both simultaneously 
and independantly at all particle interfaces. However, a critical particle 
spacing, , will be reached when a nucleus attached to one particle will 
only be viable provided other nuclei do not form simultaneously at adjacent 
particles; otherwise these embryonic nuclei will mutually impinge before 
a viable size is reached. Thus subsequent increases in particle content 1 
will result in a relative decrease in nucleation rate and the final grain 
size will begin to increase again. Recrystallisation will become less 
accelerated i.e. retardation starts to occur.
A second critical spacing, C w i l l  be reached when the particle spacing 
is of the same order as the subgrain size of the deformed matrix. The particle 
will pin the subboundaries (or cell walls) and prevent subgrain growth 
by either migration or coalescence. The only available nucleation 
mechanism will be strain induced boundary migration and this will be 
inhibited when the particle spacing becomes less that the critical radius 
for this mechanism. Thus the nucleation rate will be drastically curtailed.
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Growth of nuclei will be relatively unaffected in alloys with particle 
spacings wider than the critical spacing (when enhancement of nucleation 
occurs) since impingement will occur before the migrating boundaries 
contact other particles. At spacings closer than , the migrating 
boundaries will have to pass those particles that did not produce viable 
nuclei before impingement can occur. Hence their mobility will be 
reduced and this will add to the relative retardation of recrystallisation. 
At spacings closer than the critical spacing C r e d u c e d  boundary mobility 
will be more severe since many boundaries will be effectively pinned 
by the particles.
The influence of the interparticle spacing on the nucleation and growth
18 21rates has been measured 9 , fig.16, and the change in rates at the
critical spacings and are clearly demonstrated. The values of 
and Cg were found to about and 1.8 um respectively for the aluminium
based alloys studied. A summary of the hypothesis is shown diagramatically 
in fig.17.
This theory qualitatively relates many of the observed features of
-recrystallisation of dispersed phase alloys to the interparticle spacing,
but there are some aspects that are not accounted for. Most important of
these is the effect of particles on the dislocation substructure developed
during deformation and the subsequent difficulties of dislocation
rearrangement (i.e. recovery) upon annealing. The stored energy, i.e.
the driving force for recrystallisation is increased with increasing
208particle density, and work hardening rates may also be increased 
(although this was not the case in Mould*s alloys).
Difficulties in nucleation at close particle spacings have been shown to 
be partly due to small misorientations between cells (or subgrains) 
rather than by direct pinning of subgrains by particles.
Particle size is also important. Nucleation at particle/matrix interfaces 
will only occur when the particles are larger than a critical size whilst 
pinning of dislocation networks and subboundaries depends strongly on the 
particle size and spacing.
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2.5 GRAIN GROWTH AFTER PRIMARY RECRYSTALLISATION
2.5.1 Normal Grain Growth
Once primary recrystallisation is completed, continued annealing will
result in further grain growth, the driving force being the reduction
of the total grain boundary energy. Thus the total number of grains
206decreases and their average size increases. Hillert examined the
energy changes involved and deduced that only grains larger than the
205average size would grow. Gladman derived the following expression
where E is the energy change, s is the increase in radius of a growing 
grain of radius R, R is the mean grain radius and Z is the ratio of the 
radii of the growing grain to its neighbouring grains and Y is the 
interfacial boundary energy.
\
Thus for a grain to grow Z must be ^1.55* Hillert assumed a growth 
rate expression
where K is a constant, H is the boundary mobility and R is the criticalc
grain radius for growth (and=. R). Experimentally a growth law of the
32following form is observed
where dQ is the initial grain diameter and d is its size after time t, 
and k and n are constants.
# (35)
a -  a0 = k .tn (37)
The constant *nf has been calculated to have a value of'0.5, but lower 
values are observed experimentally.
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The rate of growth is affected by several factors, especially by 
impurity atoms, dispersed phases, specimen geometry and a sharp texture, 
all of which can impede or stop grain growth. Some of these factors 
have been discussed elsewhere (e.g. sections 2.4.3*1• and 2.4«8«3*1)*’■
2.5*2 Abnormal Grain Growth (secondary Recrystallisation)
Abnormal grain growth is characterised by the very rapid growth of a
few grains at the expense of the matrix grains, and grain sizes of the
order of centimetres may result. The phenomen has been reviewed by 
209Bunn and Walter , and its general characteristics have been summarised 
by Cahn^:-
(i) The large grains originate from the primary structure, i.e. 
they are not freshly nucleated.
(ii) The first stages of growth are sluggish and there is an 
incubation period.
The factors governing the choice of particular grains are not 
well understood; they must be larger than the average size 
and have orientations that diverge from the main primary 
texture.
(iv) Normal grain growth must be inhibited.
(v) The secondary structure has a pronounced texture which differs 
from the primary recrystallised texture from which it grew.
(vi) There is a well defined minimum annealing temperature for its 
occurrence. The largest grains occur when it is just exceeded.
(vii) The driving force is the reduction of the total grain boundary 
energy.
(iii)
Abnormal grain growth is frequently observed when a fine dispersed phase 
is present, e.g. mullite^ or thoria^ in tungsten and aluminium nitride^^ 
carbide s ^ ’^ ^  or manganese sulphides^ in steel. Gladman^'Vhas suggested 
an explanation: During annealing normal grain growth is inhibited by 
particle pinning (equation 34> section 2.4.8.3.1). However particle
coarsening occurs, and at some stage the largest grain will be unpinned
first and proceed to grow. The rate of growth will accelerate as its 
radius increases (i.e. the ratio Z increases since the average grain size, 
R, stays unchanged). The growth of this first grain will be followed by 
a second and other large grains as they become unpinned due to continued 
particle coarsening.
Thus the observed induction period can be explained as the time required 
to unpin the first grain by the process of particle coarsening. The 
process of coarsening is a thermally activated diffusion process, hence 
the minimum temperature, and if it occurs, slowly the first few grains 
will be unpinned and grow to consume the rest of the- matrix before the
other grains become unpinned. Hence the largest grains are observed at
the lowest temperatures. If the annealing temperature is too high 
coarsening will occur rapidly and many grains will be unpinned more or 
less simultaneously and grain growth will appear normal.
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Al-Fe 0.3 -0.55 4 .0 -15.4 II 1.79-6.87, 6 ($ c x t»T + + - 21
Al-Si02 
Cu-Si02 (s) 
Cii-SiOg (s)
vn0.5
0.03-0.35
0.04,0.1
8.5 -22.4 
0.8,0 .9
Ref. 203 
Z3(CL)
0.15-1.14
0.21,0.34
20-9CP/oct
40-7C$cr
30%cr
t,T
t,T
t
+
+ +
211
186
20
Fe-carbides 0.25-5 .0 - 1 .0+ 12-9C$cr t + - 120
Fe-carbides 0.34 3.° - 0.82 65%cr t + - 82, 190
Fe-oxides ^0.5 - - - 60%cr t + - 189 •
Fe-oxides 0.05-5 .0 - - 80%cr t,T • + - 131
Fe-Si-inclusions (0.5-25.0) - - - h. sw. t + - 167
RETARDED RECRYSTALLIS 
Al-Cu
ATION
0.20-0.24 1.14-1.54 A j  ( s ) 0.51-0.60 60%cr . t + 18
Al-Cu (s) 0.24-0.33 1.3 -1.9 If 0.58-0.85 609fcr t ■ - + 19
ai-ai2o3(sap)
Al-Fe
Al-Mg-Si
Al-Zr
0.1 
0.02-0.5 
v* 0.025
0.45,0.9
0.6 (0.7) 
0.1 -0 .9  
<0.09
73-86?fext
9&/oax
20-90%cr
t
t
t»T
t,T
- -
+ 212
213
124
211
Ag-Algd^
Ag-MgO
< 0.01 
0.0025
0:05
0 .05
0.031
(0.05)
95%dr
75°/ocr
T
t,T
196
126
Au-Ti02
Cu-A1203
3u-Si02
hx-Al203
3u-Si02
;u-ai2o^
0 .2 5
0.01-0.03
0 .0 7
0.005-0.015
0.017-0.1
0.015
0.06-0.51
0.31
0.21-4.81
0.17-166.5
0.25
Z3(0L)
It
A
A
•' 0 .8 4 ,  
0.027-0.27 
0.62 
0.016-0.086 
0 .0 3 -0 .8 9  
(0.25)
BO/ocx 
h . ext 
h . ext 
h. ext 
h . ext 
75%cr
T
T
T
T
T
t,T
214 
J. 87
j, 192 
1 2 6
Ju-Si02 (s) 0.025-0 .0 4 O.36-O.68 Z3(CL) 0.13-0.17 W oCT t - ■ - 20
!u-Co (s) 
lu-SiOg (s) 
!r-TaC
0 .0 4
0 .075
< 0.1
0 .4 8 ,0 .9 8  
1.7 
1.0 -2.0
*1
11
0.25-0.37
0.70
<0.46
ten. 
ten. . 
h,. roll
t
t
t,T
-
j 127 
125
'e-carbides etc 0.0025 - - - 40-9C$cr t - + 120
'e-Cu < 0.1 - - <0.52 6C$cr t - - 84
e-Cu 0.025 0.2 - 0.089 65,85%ox t - + 201
i-ThO„
2 ^  0.02 0.28 - 0.066 9CP/ocx T (-) (-) 215
i-Th02
-Th02
v'0.02
0 .038
(”»0.3)
0.32 a 2 (?)
(^0.07)
0.10
/ 0-50^cr 
(40-75%sw
sw
T
T
+
+
216 
217 '
ge.Y
N.b. All dimensions are in um
Symbols
+ (s) denotes single crystals 
* These are defined in the Appendix
t denotes isothermal annealing 
dr-drawn 
sw-swaged
+ denotes increased
T denotes isochronal annealing 
ext. - extruded 
ten. - tension 
- denotes decreased
cr - cold rolled
h.#- hot ;
N,G are the Nucleation Rate and 
the Growth Rate respectively, gs. 
is the recrystallised grain siz<
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2.6 S I M M Y
It has heen shown that the recrystallisation behaviour of a metal depends 
on many factors. Primarily, it is governed by the amount and nature of 
the prior deformation which influences the density and distribution of 
the dislocation structure. Recovery of this structure may occur prior 
to and/or during recrystallisation and this influences the recrystallisation 
process.
Recrystallisation is a two stage process of nucleation and growth.
Nucleation may occur by several mechanisms and the growth of nuclei occurs 
by the migration of high angle boundaries through the deformed strucutre.
• Primary recrystallisation is complete when the deformed structure has been 
completely consumed but further grain growth may occur subsequently.
Second phase dispersed particles influence recrystallisation in two ways; 
firstly they influence the type of substructure formed during deformation 
and secondly they affect recrystallisation by either enhancing nucleation 
or by inhibiting dislocation rearrangement (recovery) and boundary migration. 
•The rate of recrystallisation may be enhanced or retarded to an extent 
that depends on both the interparticle spacing and the particle size.
2.7 THE OBJECTIVES. OF THE PRESENT WORK
The review of the literature has shown that there is little quantitative 
information concerning the influence of variations in the basic dispersion 
parameters (i.e. particle size and spacing) on recrystallisation and its 
constituent processes. Consequently the present investigation was undertaken 
to provide such information and hence to enable a more detailed understanding 
of the recrystallisation of dispersion alloys.
The primary objectives of this investigation were to study the influence 
of variations in interparticle spacing and particle size upon (a) the 
kinetics of recrystallisation, (b) the nucleation and growth processes 
and (c) the as-recrystallised grain size. Additional objectives were 
formulated to study the influence of variations in the particle size and 
spacing on the dependence of these three areas of interest upon the initial 
grain size and the amount of prior deformation.
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3. . THE PRESENT INVESTIGATION
3.1 IHTRODTJCTIOH
The study of a h.c.c. metal system was deemed desirable because of the 
lack of experimental work on such alloys. Alpha -iron was selected 
primarily for its technological importance and also because iron powder 
of good quality was readily available at a reasonable cost.
A refractory metal oxide was chosen as the dispersed phase (in preference 
to a carbide, nitride, or intermetallic compound) for two reasons: firstly,, 
such oxides are generally sparingly soluble in iron and secondly, they 
are hard phases and are relatively undeformable when dispersed in iron.
Thus, the dispersed phase would be constitutionally stable throughout 
the processing and annealing treatments in the study and the recrystallisation 
behaviour of the matrix would not be complicated by variations in its 
solute content.
I
Aluminium oxide was selected as the dispersoid for two reasons: Firstly,
218
previous work by Singh on dispersion strengthening of iron by either 
alumina, titania or zirconia had shown that the strengthening effect 
obtained depended on the particle morphology; alumina was the best dispersoid 
because it formed spherical particles during alloy fabrication, and was 
also resistant to particle coarsening. Secondly, alumina powder was 
readily available at reasonable cost.
The choice of alloy manufacture by powder metallurgy was dictated by the 
. need to produce a series of alloys with a wide range of composition so '
that a suitable range of 'interparticle spacings could be obtained with 
particle sizes of about the critical size for enhancement of nucleation 
(section 2.4.8.1). Thus internal oxidation and conventional casting 
methods were considered unsuitable.
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3.2 EXPERIMENTAL PROCEDURES AND TECHNIQUES
3*2.1 Alloy Production
Iron-alumina alloys were prepared from carbonyl iron and alumina powders
by a sequential process of mixing, cold compaction, sintering and finally
hot extrusion. The techniques and conditions employed were based on those
218previously developed by Singh. . Details of the purity and particle size 
of the powders are given in table II.
Each alloy was prepared in 1Kg. batches by weighing out the appropriate 
quantities of iron and alumina powders; the accuracy of weighing was 
better than 0.1%. Mixing of the powders was accomplished in a porcelain 
ball mill containing hardened steel balls and inclined to the horizontal 
axis of rotation. The powder mixture was mixed dry for 24h. at about ‘ 
25rpm to ensure thorough mixing.
Measured quantities of the alloy powders were cold pressed in a double 
%
action floating steel die assembly to form green compacts, 1.1 ins dia x 
1.25-1.5 ins. long. The surfaces of the die were carefully coated with 
stearic acid by immersion in a 5% stearic acid-acetone solution and 
pressing was carried out in a 50 ton hydraulic press generally at a 
pressure of 29 tsi, although lower pressures were used for some alloys 
with high alumina contents. Each compact was weighed, its dimensions 
measured with a micrometer and its green density calculated. Careful 
control of the compacting technique was required to minimise peripheral 
hairline cracking in the compacts.
Each compact was individually sintered under a high-purity (99*999%) 
hydrogen atmosphere for about 2h. at 1325° i  2°C in a horizontal alumina 
tube furnace. The compacts were supported in an alumina boat which 
was positioned in the hot zone of the furnace. After sealing, the tube 
was flushed with high-purity (99*999%) nitrogen for about 15 mins; this 
was replaced by the hydrogen atmosphere, a flow rate of about 100cc/min. 
being maintained throughout the sintering process.
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Table II. The Powders Used and their Properties
CARBONYL IRON: MCHP grade, purchased from Inco-Mond Ltd. 
ALUMINA: Grade C, purchased from Degussa Ltd.
IRON ' ALUMINA I
STRUCTURE: 
PARTICLE SIZE:
a (b.cc)
7 .Oum average 
2.0-15.Oum range
Y (cubic) 
0.005 - 0.030um
PRINCIPAL- IMPURITIES:
<  0.02%C 
<0.02%N 
<0.2% 0
Others: Ni - major, 
Spectroscopic Traces
.
<  0.5% HCL
<  0.2% Fe^^
<  0.1% Si02
<  0.1% Ti02
<  0.05% Na20 
Heavy Metals < 5  ppm
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The furnace temperature was raised at a rate of about 250°c/h until the 
sintering temperature was reached. At the finish of sintering, the 
furnace was switched off and the sintered compact furnace cooled under 
the hydrogen atmosphere. Each sintered compact was weighed and measured 
and its density calculated.
The degree of densification,A D , of the compacts after sintering was 
calculated using the formula:-
AD = Dg-Dg . . .  . . . . . . .  (38)
Dm- ILHP G ’
where Dg^hgand Dqi are the green, sintered and theoretical densities 
respectively. The situation was complicated in these alloys since alumina 
undergoes a phase transformation during sintering with a consequent change 
in its density (and, therefore, the theoretical densities of the alloys).
To facilitate the calculation of Ah, the densities hg and Dg were expressed 
as fractions of their relevant theoretical densities.
Attempts to fabricate the compacts into rods by hot forgeing were 
unsatisfactory and hot extrusion was considered to be preferable. Each 
sintered compact was machined to a diameter of 0.94 in. and then 
encapsulated in a 1 in. diameter mild steel case with a conical nose; the 
end cap was TIG welded under an argon shield. Extrusion was kindly 
carried out by I.M.I. Ltd., Kynoch, and the conditions of extrusion are 
given in table III. The compact was preheated to 1,000° + 5°C for an 
half-hour prior to extrusion.
The mild steel casing was machined off the extruded ro&ds which were then 
surface ground to a rectangular cross-section.
3*2.2 Recrystallisation Techniques
Deformation of the alloy bar for both grain size and recrystallisation 
experiments was accomplished by cold rolling; the desired deformation was 
achieved by successive reductions of 0.005 in. in the roll gap before 
each pass. For the recrystallisation experiments specimens about 0.3 in 
long were carefully sawn from the deformed strips with an ’’Eclipse junior”
Table III. Extrusion Conditions
Billet Temperature:
Container Temperature:
/
Extrusion Ratio: 
Extrusion Pressure: 
Extruded Rod Diameter:
I,000 + 5°C 
500°C
I I . 6  : 1
100 - 120 t.s.i.
8mm (O.33i*0; 6mm (0.24in) after 
removal of m. s. casing.
hacksaw; longer (0.5 in) specimens were used for grain size experiments.
For the recrystallisation experiments annealing was carried out principally 
in two salt baths containing "Cassell T.S. 150" salt. This salt has a 
working temperature range of 150-500°C. These baths originally suffered 
from poor temperature control (± 10°C for example) and they were therefore 
re-instrumented with Eurotherm thyristor temperature controllers. This 
allowed temperature control of i 1°C over long periods and about ±0.5°C 
over a few hours to be achieved over the whole salt bath range.
Temperature distribution within the baths was found to be most uniform.
Annealing at temperatures below about 200°C was carried out in circulating 
oil baths containing silicone oil and temperature control of about ±2°C ■ 
over a few hours was achieved.
Samples for annealing were placed in small aluminium gauze !boxes! which 
were placed in the salt (or oil) baths on gauze platforms positioned 
midway in the baths. The annealing temperature was probably reached 
within a few seconds of immersion. After annealing the boxes containing 
•the samples were quickly water-quenched.
Temperature measurement was achieved by the used of chromel/alumel 
thermocouples connected to a potentiometer via a cold junction of melting 
ice. All the thermocouples used for temperature measurement and control 
were calibrated using the melting points of pure metals as reference 
points.
Annealing at temperatures above 550°C (mainly grain size experiments and 
grain size control) was performed in electric muffle furnaces controlled 
by Eurotherm thyrister controllers. Samples were first encapsulated under 
vacuum in silica glass to minimise oxidation, and were water-quenched 
after annealing.
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The progress of recrystallisation was followed by hardness measurements.
A balance had to he struck between taking sufficient measurements on a
sample for the average value to be wholly representative of the sample
and economy of effort. Eight hardness impression per sample was found 
b*_
to^a reasonable balance, and measurements were made on mid-sections 
parallel to the rolling plane. The section surface was polished through 
the silicon carbide papers to a 6um diamond finish, and hardness 
measurements made at random over the surface using a conventional Vickers 
hardness testing machine. Generally a 10kg load and a §■ in. objective 
were employed, but smaller loads were used where the specimen thickness 
was insufficient. The load/thickness criteria recommended in the British 
Standard BS427 (l)> 19&1 was us'ed. The calibration of the Vickers machine 
was checked using a standard block at the start of the investigation.
Both the average value and the standard deviation of the hardness values
were calculated for each specimen and hardness-time (or temperature)
curves plotted for each alloy. The times (or temperatures) for 50% and
100% recrystallisation were determined from this curve using the derivative
133technique of Mould and Cotterill . The basis of this technique is that 
•the points of maximum and zero gradient on the hardness curve correspond 
to 50% and 100% recrystallisation respectively.
3*2.3 Metallographic Techniques
Specimen preparation for optical metallography was straight forward: 
samples were ground on silicon carbide papers to '600 grade and then 
polished successively on 6um and 1um grade diamond wheels. Grain structure 
was revealed by swab-etching in 2% Bital, usually for about 12-15 secs. 
Specimens for examination in the- scanning electron microscope were 
generally etched for a longer period (about 20-30 secs) to provide more 
surface relief and to expose particles on the surface.
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The dispersion characteristics of each alloy were examined on samples 
in'the as-polished condition. Quantitative measurements of the number 
of particles per -unit area, were made from enlarged micrographs of 
cross-sections of the extruded rods. These measurements together with 
the known volume fraction of particles enabled both the particle size 
and the interparticle spacing to be calculated. Since the particle 
size was near to the limit of resolution of the optical microscope, a 
check was made by measuring the sizes of particles on some specimens 
examined in the scanning electron microscope.
There are many definitions of interparticle spacing and a preliminary 
investigation (see the Appendix) indicated that the nearest neighbour 
distance in a volume, A 3 , is the most appropriate for recrystallisation 
studies. The relevant equations for its determination are given in the 
Appendix (equations 1,3 and 15) • More accurate values ofA^ were obtained 
by the use of the Bansell and Ardell modification (equation 17> Appendix).
Grain sizes were measured by the lineal count method on midsections parallel 
to the rolling plane using a micrometer stage mounted on a Bausch and 
Lomb photomicroscope. Both transverse and longitudinal grain sizes were 
measured, the average of three linear traverses being taken for each.
The microscope magnification was adjusted to suit the grain size being 
measured. Grain size values quoted in this thesis are linear intercept 
values.
The start of recrystallisation time and general metallographical examination 
of annealed specimens was carried out on a Zeiss TJltraphot III photo 
microscope. Further metallographical examination was carried out on 
selected samples in a Cambridge scanning electron microscope. Coating 
or preparation of the specimen was not required apart from ensuring the 
specimen was earthed to its mounting stub.
The experimental determination of the rates of nucleation and growth of 
recrystallising grains was found to be difficult; the relatively fine 
grain sizes used in this study made distinguishing between deformed and 
recrystallised grains hard to detect. An approximate assessment of these 
rates was obtained from the times for the completion of recrystallisation 
and the recrystallised grain size:-
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Apparent Nucleation Rate, N 7= Number of grains/unit volume ,_____  . ^
Time for complete recrystallisation
Apparent Growth Rate, G* = Average grain radius
Time for complete recrystallisation
The linear intercept values of grain size hy multiplying hy a factor of
1.5 (Appendix, reference no.6).
5.2.4 Experimental Programme
3.2.4.1 Grain Size Variation
The grain sizes of the as-extruded bars were found to vary with alloy 
composition and it was considered necessary to have a constant standard 
grain size so that the effect of the particle size and spacing upon 
recrystallisation could he unambiguously determined.
The variation of grain size with the amount of prior deformation followed 
.by annealing for 2h. at 600°C was investigated for all the alloys. The 
variation of grain size with annealing temperature was also investigated 
for some alloys. . Thus a comprehensive knowledge of the grain size range 
attainable for each alloy was obtained, and hence the prior deformation 
and annealing condition necessary for a particular grain size to be 
achieved could be calculated.
3.2.4.2 Isochronal Recrystallisation
Isochronal recrystallisation experiments were carried out on five alloys 
of the initial series (including pure iron) so that the recrystallisation 
temperature range and general behaviour could be assessed prior to carrying 
out the more detailed isothermal experiments.
Each alloy was prior deformed and annealed so that a standard grain size 
of 14um could be achieved. The bars were then finally deformed by either 
6O/0 or 30% reduction in thickness and specimens were annealed for 1h. at 
selected temperatures.
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3.2.4*3 Isothermal Recrystallisation
On the hasis of the isochronal recrystallisation results an annealing 
temperature of 480°C was selected for all the isothermal experiments 
and a standard testing condition of a 20um grain size and a deformation 
of 60% reduction in thickness was selected for the principal study.
Bars of each of the twelve alloys were prior deformed and annealed and 
then finally deformed to achieve this standard testing condition.
Samples were then annealed at 480°C for times ranging between 0.1 and 
2,POO mins.
The influence of the amount of deformation upon recrystallisation was 
examined for the initial series of six alloys. Bars of each alloy were 
prior deformed and annealed to achieve the standard grain size of 20um 
and then deformed by either 45% or 30% reduction in thickness prior to 
annealing for times up to 3 x 10^ mins.
The influence of the initial grain size upon recrystallisation was
•examined for four alloys including pure iron. Bars of each alloy were 
prior deformed and annealed so that four initial grain sizes per alloy 
were attained. The standard deformation of 60% reduction was applied to 
each prior to annealing samples at 480°C for times up to 1C)4 mins. The
initial grain size range for each alloy was not identical, although each
overlapped with the others.
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3.2.5* Summary of Experimental Procedure
The experimental procedure followed in this study is summarised in the 
following flow diagram
Alloy
Fabrication
Prior 
Treatment 
(stabilise 
initial grain 
size) “
Powders 
mix 
cold press 
sinter
Measurement of 
densification
hot extrude
Alloy Bar
Prior Deformation 
(various amounts)
i
anneal 
(2h. at 600° or 875°C)
Quantitative Metallography 
(characterisation of 
dispersion)
■Measurement of initial 
grain size
* Final Deformation 
(30,45 or 60%)
Study of Recrystallisation Anneal
Annealing (isochronal, 1h or■Isothermal, 480°C) 
Behaviour
Hardness Measurement
Metallography -including final grain 
size measurement
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3.3 RESULTS
3.3*1 Alloy Fabrication and Structure
Twelve alloys were made in two series, and included a pure iron ? alloy1 
fabricated in an identical manner; their compositions are listed in 
table XV together with their identification code letter. (Each bar of 
each alloy was also numerically coded for identification). Generally, 
at least six sound sintered compacts of each alloy were made and extruded 
into bar.
The degree of densification of the compacts during sintering was dependent 
upon the alumina content of the alloy, fig.18, and was especially sensitive 
at low alumina contents. A minimum in densification was observed at about 
2.8% vol. alumina. Similarly, the density achieved after sintering, 
expressed as a fraction of the theoretical density, was also dependent 
upon the alumina content, fig. 19, and was sensitive to the cold pressing 
conditions.
The cubic gamma phase of alumina is unstable at the sintering temperature 
and undergoes an allotropic transformation to the rhombohedral alpha- 
phase. The completion of the phase transformation was confirmed by an 
X-ray diffraction examination of alumina particles extracted from an 
extruded bar of alloy F (10% wt alumina):-
The iron matrix was dissolved in a 3% HC1, 5CP/0 methanol, 45% water solution 
at a current density of 0.1 amps/cm and a potential of 1.5v. The particle 
fractions was collected in a petri dish placed under the dissolving sample; 
it was washed four times in methanol, dried and then placed in a 0.5um 
capilliary tube. This was mounted in a standard Lebye-Scherrer powder 
camera and exposed to Mckel-filtered Copper Kx radiation for 5&. at 35Kv. 
and 14jsA. Analysis of the film pattern showed the particles to be composed 
principally of alpha-alumina; there was also a weak pattern of the spinel 
FeA^O^.
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TABLE IV. ALLOY COMPOSITIONS AND DISPERSION CHARACTERISTICS
Alloy
Code
Alumina Content
X10" /m2
Particle Radius,r um, I.P. Spacing,um
%wt.
Volume
Fraction calculated
measured
(sem) A 3 a 5(b a )
H 0.0 0.0 - - - ■' — -
J p. 14 0.0028 0.57 0.153 0.065 0.97 0.99
K 0.27 0.0054 0.91 0.168 0.114 0.86 0.88
G ' 0.5 0.0099 1.52 0.189 0.219 0.79 0.83
C 1.0 0.0197 1.95 0.220 0.226 0.73 0.80
L 1.4 0.0282 2.70 0.225 0.208 0.66 0.74
D 2.5 0.0485 5.27 0.266 0.221 O..65 0.78
0 2.9 0.0560 ' 2.67 0.317 0.257 0.74 0.90-
E '5.0 0.0946 3.54 O .368 0.315 0.72 0.94
M 7.8 0.1459 5.64 0.349 0.35 0.59 0.84
F 10.0 0.1812 7.19 0.347 0.243 0.55 0.81
P 12.5 0.2212 8.81 O .346 0.29 0.51 0.79
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The densities of extruded "bar of the initial series of alloys (C-H inclusive 
were measured hy a liquid displacement gravimetric technique. The 
results, given in table V, indicate that densities of at least 99% 
theoretical were achieved in all alloys except possibly alloy F (10% wt 
alumina).
Tahle V Densities of the As-Extruded Material
ALLOY MEASUREDDENSITY* %THE0R
H2 7.88 100.1
G4 7.83 100.
•C13 7.77 99.7
D3. 7.66 99.8
E1 7.55 100.7
F14 7.05 98.5
* gm/cc
The dispersion characteristics of the as-extruded material of each alloy 
was revealed by metallographical examination; typical micro structures 
are shown in fig. 20. In all cases transverse sections showed the alumina 
particles to he well dispersed with no apparent clustering. Measurements 
of the number of particles per unit length of randomly placed test lines 
indicated that the particles were randomly distributed. However,in 
longitudinal sections the dispersions had a stringered appearance typical 
of extruded materials, and therefore were not strictly randomly distributed.
' V
■*  ^. . ■* >• . •> * «■ 
v V - *  . •r .
i * • * r •• • . • .
.... * . V-"
/:■ *•
• V  i* -4 '* Tc •'' r*.%
* V . *  T  .  . ;«* '  •  - • *
(a) Longitudinal x 400 (b) Transverse x 1,000
Fi g  20. Typical Microstructures of Extruded Bar
Alloy G 
(0.596 A1203)
Alloy C
(1.096 A10 )
2 5
Alloy D
(2.5% A1 0 )
2 3
Alloy E
(5.0% A10 )
2 5
Alloy F
(1096 ai o  )
2 3
As polished
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Examinations of particles exposed on the surface of specimens in the 
scanning electron microscope, showed that the particles were discrete, 
smooth and approximately spherical in shape, fig.21. The average particle 
radius, r, was calculated from measurements of the number of particles 
per unit area, obtained from micrographs according to the relationship 
given in the appendix, (equation 3)» i.e.:-
3F.v
L  2 .n UA J
Where Fv is the volume fraction. The values obtained for N^and r are
given in table IV, and it can be seen that the particle size increases 
with increasing volume fraction of alumina, fig.22, up to about F = 0.1;
at larger values the particle size remains, constant. Similar, but
trj tl'cM 15] Cl- v/'i-coak i^u.inv:. . .
generally smaller values, for the average—particle-radius were obtained 
from measurements of particles observed in the scanning electron microscope, 
table IV; the average value was calculated according to the relationship
n^.r^ + n2,r2^ +
nr
. . • (39)
where n^ is the number of particles of radius r^ etc., and n^ y is the 
total number of particles. Values of h ranged from 130 to 360 particles 
and the increased scatter in r is probably a reflection of the smallness 
of these values.
The values of the interparticle spacings were derived from the calculated 
values of the particle radius (i.e. those derived using equation 3 in 
the appendix) and these are also given in table IV. The values of Aj 
(the nearest neighbour distance) calculated using equation 15 in the 
appendix and those for ^ 3 ( p ^ )  w e r e  derived from tables (see footnote, 
p. 9 in the appendix). It is clear that the use of the Bans ell and Ardell 
modification, A^p^) results in significant differences in spacing 
values at the higher volume fractions.
(a) Alloy J (0.14% A1 0 )
(t>) Alloy G (0.5% A1 0 ) 
x 2.5K
(c) Alloy L (1.496 A1 0 ) 
x 2.5K -
^S(d) Alloy E (5.0% Al.Oj 
2S x 2.5K
Fig 21. Typical Scanning Electron 
Micrographs of Particle Dispersions
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Fig. 22 The Variation of the Particle Radius with Alumina 
Content
--------  . i i _ * «.. .
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Volume Fraction
Fig. 23 The Variation of the Extruded Grain Size 
with Alumina Content
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5*3»2 Grain Size Experiments
Grain size measurements on as-extruded “bar showed that the grain size 
decreased with increasing alumina content, fig.23, and was especially 
sensitive at low volume fractions. There was also small differences in 
grain size between extruded bars of each alloy which were probably caused 
by slight differences in the fabrication process.
The variation in grain size with the amount of prior deformation after 
annealing for 2h. at 600°C or 875°C is summarised in figs.24-26 for 
all the alloys. Generally, the grain size decreased with increasing 
deformation beyond a critical amount when the maximum grain size occurred. 
The magnitude of this critical deformation appears to decrease with 
increasing alumina content. At high alumina contents (iQe. alloys M,F 
and P) the grain size was relatively insensitive to the amount of 
deformation. It should be noted that grain size measurement on these 
alloys was difficult because of the difficulty in distinguishing grain 
boundaries amongst the dense particle distributions and the fineness of 
the grain sizes.
Comparison of the results in figs.24 and 26 indicates that for a given 
deformation the grain size increased with increasing annealing temperature; 
this is illustrated in fig. 27 for the case of pure iron which showed the 
largest response. On the other hand alloy F (10% wt AlgO^) showed little 
change in grain size, even when annealed in the austenite phase region.
The grain sizes referred to above pertain to measurements made in the 
. transverse direction i.e. normal to the rolling direction. Longitudinal 
measurements, i.e. along the rolling direction, showed that the grains 
were relatively equiaxed, aspect ratios of 1.0-1.2 being usual except 
after prior deformations close to the critical amount when aspect ratios 
up to 1.8 were observed.
Gr
ai
n 
Si
ze
 
(i
nt
er
ce
pt
 
Di
a.
)
-91-
- pure iron, H2
- +0.5% alumina, G4
- +1*0% alumina, G15
- +2.5% alumina, D10
- +5.0% alumina, E1 
■- +10.0%alumina, F14
annealed 2h at 600 C
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Prior Deformation, (% reduct, in thickness)
Pig.24 The Variation of Grain Size with Prior Deformation
100
Gr
ai
n 
Si
ze
 
(i
nt
er
ce
pt
 
Di
a.
)
-92-
Annealed 2h. at 600°C
Alloy
©  - H5 0  - D11
❖  -  J5 ® - 010
B -  K1 .▼ - E2/14
A -  G5 Q  _
B - C 15 B -  P4
€>- L5
1 L   j------------1------------1______ —1_____—i  » »_______ I_______ L__
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Prior Deformation {% reduct, in thickness)
100
Pig.25 The Variation of Grain Size with Prior Deformation
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Pig.26 The Variation of Grain Size with Prior Deformation and 
Annealing Temperature.
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30 ■
20. 
10C
f (a) Pure Iron, H2, 60% Def
Annealed for 2h.
s
(h) Iron- 10% Alumina,. F14> 15/25% Dj
500 600 700 ' 800 900 1000 1100
Annealing Temperature, C
Fig. 27 The Variation of Grain Size with Annealing
Temperature, (a) Pure Iron (h) Fe-10% Alumina Alloy.
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•3*3 Isochronal Recrystallisation Experiments
A standard initial grain size of 14uin was selected for the isochronal 
study on the "basis of the grain size data shown in fig.24. Whilst this 
grain size could "be obtained for all the alloys in the initial series 
(alloys C-H inclusive) except alloy F (10% wt A^O^), it was considered 
that in the case of pure iron (alloy H) the resultant strip would "be 
too thin. Consequently, two larger grain sizes of about 2513111 and 40 um 
were selected for pure iron and the results extrapolated to a 14i3m grain 
size. The accuracy of the extrapolation was not considered to be important 
since the isochronal work was only intended to be an exploratory study.
Bars of the ailloys H (iron), G(0.5% wt Al^O^), C(l.0%wt), 3)(2.5%wt) and 
E(5%wt) were prior deformed and annealed to achieve the standard initial 
grain size (alloy H excepted) and the resulting grain sizes measured; 
de-tails are given in table VI. The strips were finally deformed by 30% 
and 60% reductions in thickness prior to isochronal annealing for 1h.
The hardness values of the alloys increased with increasing deformation 
as well as with the alumina content, fig.28.
The change in hardness with annealing temperature is shown for each alloy 
in fig. 29 (a-e) and a typical derivative curve used to obtain the 50% and 
100% recrystallisation temperatures (t^q and T^qq) is illustrated in fig. 
50. Values of these temperatures obtained for each alloy are plotted 
against the interparticle spacing in fig.31• The increase in deformation 
from 30% to 60% results in a decrease in the recrystallisation temperatures 
of about 50°C.
Metallographic examination of the specimens annealed at the 100% 
recrystallisation temperature, T^qq, confirmed that recrystallisation 
was complete in all the alloys. Measurements of the as-recrystallised 
grain sizes, fig.32, showed that the grain size decreased with increasing 
particle size and also with increasing deformation; all the alloys 
deformed 30% and pure iron deformed at 60% had larger grain sizes than 
their initial grain size.
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table VI ISOCHRONAL RECRYSTALLISATION:
PRIOR TREATMENT RESULTS
LLOY Deform
Anneal. Grain
60% Deforn&v 38% Deform^*
Temp.+ Size
T
50
TA100
Grain
Size
T
50
T 100
Grain
Size
(a) 6<y/o 900°C 39.1 475° 510° 27.2 _
>
e iron)^) 60% 500°C 24.8 471.5 510° 25.5 522° 570° 60.2
apolated
e
- - (14.0) 468° 510° 23.O 519° 570° 58.2
0.5%t)
AIrO^ 66% 600° 13.8 470° 504° 13.8 514.5° 568° 27.9
(1.0%) 54% 600° 12.7 473.5° 510° 11.5 520° 562° 23.6
(2.5%) • 34% 600° 14.2 468.5° 485° 7.95 507° 549° 20.1
(5.0^ ) 23.5% 600 '14.2 453.5 480 5.3 482.5 535 16.5
+ Anneal for 2h. Grain sizes in yun dia.
^50,^ 100 8X0 ^emPera^u:ces ^or 50% and 100% recrystallisation, 
respectively
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300
260
220
180
140
symbols - as Pig.24
- open = isochronal
- filled = isothermal100
80
Deformation (% reduct, in thickness)
Pig.28 The Variation of Room Temperature Hardness with
Alumina Content and the Amount of Deformation.-
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Pig. 29 The Variation of Hardness with Annealing Temperature
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Fig. 31 The influence of the Dispersion upon the Recrystallisation 
Temperatures
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Fig. 32 The Influence of the Dispersion upon the Recrystallised 
Grain Size (isochronal Recrystallisation)
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The isochronal recrystallisation results are summarised in table VI.
The results for the large grain size pure iron at 30% deformation were 
discarded for two reasons; firstly, the general hardness levels were too 
high and secondly the values of T q^ and T[0o obtained were too low. The 
cause of this anomalous behaviour was not resolved on subsequent 
metallographic examination.
3.3 .4 Isothermal Recrystallisation Experiments
3.3»4«1 Standard Conditions
Details of the prior treatments ‘ are given in table VII for all twelve 
• alloys together with their resultant initial grain sizes; the high
alumina alloys (M,F and p) had grain sizes that were much smaller than 
the standard 20um.
The change in room temperature hardness with annealing time at 480°C 
after 60% deformation is shown for each alloy in figs 33 and 34* 
times for 50% and 100% recrystallisation (t^Q and t-jQQ respectively) 
were derived from these curves, and the values obtained are summarised 
in table VII together, with those of the start of recrystallisation (t0, 
obtained metallographically) and for 50% softening (tsoft) . ■ The influence 
of the particle size and spacing upon these times is shown in fig. 35 in 
which it is evident that they influence the recrystallisation behaviour 
of iron.
3*3*4*2 The Effect of the Amount of Deformation
Details of the prior treatments and resultant initial grain sizes are 
again set out in table VII. The room temperature hardness values increased 
with increasing deformation, fig. 28, as well as with the alumina content.
The influence of deformations of 60%, 45% and 30% reduction in thickness 
upon the change in hardness during annealing is shown in fig. 33 for each 
alloy. It is evident that decreasing the deformation retards the process 
of recrystallisation. The influence of the particle size , and spacing on 
the recrystallisation times (tQ, t^Q and ^qq) at each deformation is 
shown in figs 35 and 36. The influence of the amount of deformation on 
the times t a n d  t-|QQ is more clearly shown in fig. 37* The recrystallisation 
data is also collated in table VII.
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Fig. 33' The Variation of Hardness with Annealing Time 
(Annealed 480°C; noml. grain size: 20nm)
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Fig. 34 The Variation of Hardness with Annealing Time
(Deformed. 6GP/0 annealed. 480 C, grain size 20um noml.)
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Fig. 37 The Influence of Deformation upon the Times for 
Recrystallisation. (b) 100% Recrystallisation 
(annealed: 480°C)
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2.3-4*5 The Effect of Varying the Initial Grain Size
Table VII again lists details of the prior treatments and the initial 
grain sizes obtained for each alloy. The influence of the grain size upon 
the change in hardness with annealing time, fig.28 shows that, with the 
exception of alloy E (5% wt Al^O^), a decrease in grain size accelerates 
the recrystallisation process. This is shown more clearly in fig. 29 
where the effect of the grain size on the recrystallisation times t^Q and 
t^QQ is plotted.
The hardness-time curves for the two smallest grain sizes of alloy E 
showed considerable scatter making it difficult to determine precise 
values of t^Q and t^QQ . The scatter in these values is indicated in 
fig*39 and in the summarised data in table VII; the reversed trend of 
alloy E compared to the other alloys is apparent despite this scatter 
in values.
The times for the onset of recrystallisation, table VII, indicate that 
tQ is independent of the initial grain size.
3.3.4 .4 Metallographical Observations .
Prior to their final deformation, the alloys had relatively equiaxed 
and featureless grains (apart from the particle dispersions). On cold
rolling there was a general elongation of the grains along the rolling
direction; at 20% deformation there was only a slight elongation but it 
became quite marked after 60% deformation, figs.40 and 41 for example. 
Grain boundaries were generally smooth, but grain boundary serrations, 
fig.40, were often observed at all deformations. The deformed grains 
acquired a slightly rumpled appearance when etched.
On annealing this rumpled appearance became more marked and often a hazy 
substructure could be discerned. These effects were more apparent in the 
pure iron and low alumina content alloys because the alumina dispersions 
tended to mask them in the higher oxide content alloys. The formation 
of nuclei was observed during the early stages of annealing and this 
enabled the time for the onset of recrystallisation, t0, to be determined.
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The accuracy to which tQ could he pin-pointed depended on there being a 
sufficient number of annealed specimens in the time range concerned.
Values of t for the alloys are given in table VII from which it can be 
seen that the onset of recrystallisation was retarded in the presence 
of a very fine particle size dispersion (alloys J and K) and gradually 
accelerated as the particle size increased. A decrease in the amount 
of deformation from 60% to 45% and to 30% only slightly retards the 
values of t0.Variations in the initial grain size do not appear to 
influence the onset of recrystallisation.
In all the alloys after 60% deformation recrystallisation was promoted 
by the nucleation of new grains and their subsequent growth. In the 
case of pure iron (alloy H) nucleation occurred solely along grain boundaries 
fig. 41 (a) and (b) for example, whereas it also occurred within grains 
in the alumina containing alloys. Nuclei often appeared to be associated 
with particles, although not exclusively so. The general progress of 
recrystallisation for pure iron and alloys G,C and E after 60% deformation 
is shown in the micrographs, figs.41“44*
At deformations of 45% and 30%, recrystallisation apparently occurred 
solely by grain boundary migration inpure iron (alloy H) and alloys G and 
C (alloy C excepted at 45% deformation, where both grain boundary migration 
and nucleation of new grains was observed). An example of grain boundary 
migration is shown in fig.45*
The completion of the recrystallisation process was generally confirmed 
in specimens of alloys annealed for the time corresponding to t-jQ0 
determined from the hardness time annealing curves. Alloys J and K 
appeared to have some unrecrystallised grains however, fig. 46 for example, 
although the hardness levels indicated complete recrystallisation; 
recrystallisation also appeared to be incomplete in the large grain sized 
pure iron (alloy H5-A), fig. 47 > which also had a higher final hardness 
(Hy = 81 compared to ^ 70 for the other pure irons). A few apparently 
unrecrystallised grains were also observed in the pure iron grain size B 
alloy.
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It was not possible to confirm the completion of recrystallisation 
•unambiguously in alloys deformed either 45% or 30% since the deformed 
grains were not particularly elongated and also the final grain sizes were 
larger than the initial grain sizes (nominally 20um), thus making 
identification difficult.
Measurements of the recrystallised grain sizes, fig.48, show clearly the 
influence of the particle size and spacing after 60% deformation and 
annealing at 480°C. The presence of a fine particle dispersion (r ^ 0. 
alloys J and K) apparently results in a slightly larger grain size than 
that obtained in pure iron (although their initial grain sizes were also 
a little larger, table III). Increasing the particle size results in a 
progressively finer recrystallised grain size. For . the alloys with the 
largest particle size (rv~0.35'um) decreasing the particle spacing also 
results in a finer grain size; the turn-up in the curve seen in the t^y 
and t^QQ values (fig.35) at a spacing of about 0.8um is not apparent, 
although it is observed for alloys C and L with a particle size of r v,0.22um.
The recrystallised grain size was found to be dependent upon the amount 
of deformation, fig. 49* The grain size increased as the amount of defor­
mation decreased, the extent depending on the particle dispersion. The 
largest response was shown by pure iron (alloy H), and the least by the 
high alumina alloy F (10% Al^O^).
The initial grain size was also observed to affect the recrystallisation 
grain size in alloys annealed after 60% deformation. Pure iron again 
followed a sigmoidal relationship, fig. 50, similar to that observed in 
the t^and t^^ curves, fig.39*
The grain sizes of specimens annealed beyond the time for the finish of 
recrystallisation were also measured so that the extent of grain growth 
following recrystallisation could be assessed. The results are given in 
table VII, (final column) from which it is apparent that grain growth was 
only slight for all the alloys including pure iron.
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Fig. 48 The Influence of the Dispersion on the Recrystallised 
Grain Size (isothermal Recrystallisation) .
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Def.60%, annealed 480 C
©
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Initial Grain Size (intercept), urn
Fig.50 The Influence of the Initial Grain Size on the
Recrystallised Grain Size (isothermal Recrystallisation)
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3.3*4.5 Nucleation and Growth Rates
The apparent nucleation and growth rates, and G1 respectively, are 
collated in table VIII. The variation in these rates with particle size 
and spacing after 60% deformation is shown in fig. 51, in which it is 
clear that the nucleation rate is the most severely influenced.
The nucleation and growth rates are also influenced by the amount of 
deformation prior to annealing, fig. 52, and by variations in the initial 
grain size fig.53* In both cases the nucleation rate is the most 
severely affected.
4 • DISCUSSION
4* 1 Alloy Fabrication and Structure
The presence of alumina dispersions in carbonyl iron results in a very
marked inhibition of densification during sintering at 1325°C, fig. 18,
even at low volume fractions. The degree of densification reaches a ;.
minimum at a fraction, F = 0.028 and then gradually increases with
increasing fractions of alumina. Similar reductions in densification
219 220behaviour have been reported by Singh in iron-alumina and zirconia
221alloys and by Kriek, Ford and White in magnesia-lime mixtures. It 
is instructive to consider their work:
221
Kriek et al studied the sintering behaviour of MgO-CaO mixtures, over 
the whole composition range and obtained !U !-shaped densification curves 
with a minimum value between 50-60% CaO. They linked this behaviour to 
the relative number of like (i.e. MgO - MgO and CaO-CaO) particle contacts 
for similar sized spherical particles there is a minimum in the relative 
number of such contacts at 50% vol. CaO. They considered that the sintering 
process occurs by a diffusion mechanism at the points of contact between 
particles and that interdiffusion is restricted at contacts between unlike 
particles having a negligible solubility in each other, (this is the 
situation between MgO and CaO). Self diffusion along common grain 
boundaries is also restricted if the interfacial energy is too high.
Thus the extent of sintering depends on the relative number of like particle 
contacts.
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TA33LE VIII APPARENT MCLEATION AND GROWTH RATES
ALLOY
6CP/0 F.3). 45% F.L. 30% F.D.
log IP log G« log IP log G1 log ip log G*
H5 1.29 6 .56 0.37 6 .1 0 2.0 5 ' 7.24
J5 0.11 7.79
K1 0 .3 2 7.85
G5 1 .02 7.78 1.08 8 .9 2 2.09 8 .3 2
+C15 1.38 7.76 1.70 7.33 2.05 8.34
(0.43) .(7.20) (2.53) (8.18)
15 1.25 7.70
3)11 2.66 7.87 0.74 7 .4 3 1.53 8.65
010 1.63 7.87
E2/14 3.28 6.12 2.20 7.62 0.68 7.60
M6 3.74 6 .0 4
F15/14 4.24 7.95 3.38 7.52 2.97 7.36
P4 3.88 7.52
H5 (a) <3.86 <7.80
00 2.34 8 .6 4
00 0.29 7.93
(a) 0.95 6.38
00 1.29 6 .56
G2 (a) 1.62 7.15
0)) 0 .0 5 7.40
. 00 0 .4 3 7.57
(a) 1 .69 6.00
C14 (a) 0 .5 0 7.42
00 0 .6 4 7.46
(c) 0.91 7.52
(a) 1.84 7.74
E14 (a) 3.89 7.92
00 4.13 ' 7.54
(0) 4.10- 
3.69
7.59-
7.18
+
Figures in “brackets are figures adjusted for initial grain size 
deviation (see text).
.oy
Interparticle Spacing, A
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Fig. 51 The Influence of the Dispersion upon the Apparent
Nucleation and Growth Rates (isothermal Recrystallisation)
Deformed 60% annealed 480°C, noml. grain size 20um
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Fig. 53 The Effect of the Initial Grain Size on the Apparent
Nucleation and Growth Rates (isothermal Recrystallisation) 
(leformed60%, annealed 480°)
219 220More recently Singh 9 has studied the influence of oxide particles 
on the sintering behaviour? of iron. His alloys included carbonyl iron - 
alumina alloys fabricated from the same powders and in a similar manner 
to those in this present work. He observed that the chemically inert 
oxide particles inhibited densification during isochronal sintering, and 
that this was a sensitive function of the unlike particle contact 
distribution; this latter distribution was found to be closely related 
to the ratio: metal particle diameter/oxide particle diameter. Thus 
the degree of densification decreased with a decrease in oxide particle 
size for a given fraction of oxide.
In mixtures of spherical metal and oxide powders Singh^O considered 
that there are two basic types of particle contact distributions. The 
first type occurs when the diameters of the metal particles and oxide 
particles, ^  and dQ respectively, are'similar, i.e. ^  is 1. In ' 
this instance the packing of particles is expected to remain close and 
regular and the number of like particle contacts will be a function of 
the oxide particle fraction. This is the same situation consideredi • %
originally by Kriek et al., and a similar densification behaviour is 
to be expected, i.e. a minimum will occur at ^ 50% vol. oxide.
A different type of particle contact distribution is formed when the oxide
particle size is much smaller than that of the metal, i.e. dm/ » 1 .
do
Initially the oxide particles fill the metal powder interstices, but
beyond a certain critical oxide fraction there will be a sufficient
number to form a relatively continuous layer over the metal particle
surfaces, and the number of unlike particle contacts will be higher than
in the first type of distribution. The number of metal-metal particle
contacts will be reduced until the critical oxide fraction (to form a'
continuous layer) is reached when such contacts will approach zero. The
220critical oxide fraction Fc, can be calculated from the relationship
= 4 d0/dm* Further increases in the oxide fraction will increase the 
relative number of oxide-oxide particle contacts.
The inhibition of sintering in iron-oxide alloys was considered by Singh 
to be caused by the restricted diffusion of iron atoms (due to the 
restriction of the relative diffusion cross section). Sintering occurs 
by the formation of a "neck" at the particle contact interface, and this 
grows by the migration of atoms from the particles to the neck and by
the counterflow of vacancies, thus removing the interstitial porosity.
The rate of sintering, therefore, depends on the number of surface 
contacts per particle. The formation of a neck at unlike (metal-oxide) 
contacts will be restricted according to Singh because the chemical 
inertness of the oxides prevents the interpenetration of the two contacting 
particles. Hence the next flux of atoms through the contact zone to the 
pore surface is reduced. Thus sintering .will occur predominently at like- 
particle contacts.
The present work may now be considered in the light of this previous work. 
Sintering was carried out at 1325°C, at which temperature diffusion in 
("and hence the sintering of) alumina is relatively slow. Thus the 
sintering behaviour of iron-alumina alloys will be mainly a function of 
the relative number of iron-iron particle contacts. The general form of 
the densification curve, fig.18, thus becomes clear. Since dm/^0 is large, 
the addition of small fractions of alumina causes a rapid decrease in the 
number of iron-iron particle contacts. The degree of densifica/tion reaches 
a minimum at the critical volume fraction corresponding to the formation 
of a continuous oxide particle layer over the iron particles. Further • 
additions of alumina result in an increased number of oxide-oxide contacts 
and there is a corresponding gradual rise in the densification due to the 
limited extent of sintering that occurs at such contacts.
The theoretical crtical volume fraction, Fc, of oxide particles can be 
calculated from the relationship given above. Using values of dm - Jvm 
and do = 0.03um, gives Fc = 0.019; this value is somewhat lower than 
that observed experimentally (Fv = 0.028). However the two values may 
be rationalised since the theoretical critical fraction assumes that all 
the oxide particles are distributed over iron particle surfaces. In 
practice some will occupy the interstitial spaces between the iron particles 
and thus the treal1 critical fraction will be larger than the predicted 
value. This suggests that the relationship for Fc should contain a larger 
numerical factor.
The influence of increasing additions of oxide to iron on its densification
behaviour will depend on whether or not the fractions involved lie to the
219
iron-rich side of the critical fraction. Singh observed that increasing 
the alumina content of similar alloys from 0.5% to 1.5% wt reduced 
densification whereas long duration tests at 1000°C resulted in a slight
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increase on increasing either the alumina or zirconia content from 1%
to 5% wt. These results can he rationalised in terms of the critical
220fraction Fc., as can his results concerned with the influence of the
<3m/cL0 -
The sintered density curve, fig.19» apparently shows an irregular 
variation with alumina content, hut this behaviour can he accounted for 
by considering,the densification behaviour of these alloys. If it is 
assumed that the green density (expressed in terms of the green theoretical 
density) remains constant at all alumina contents, then by definition the 
sintered density curve will reflect the trends of the densification curve 
(fig. 18). Inspection of the sintered density curve, fig. 19» reveals that 
this is so for low alumina contents, i.e. the sintered density drops 
rapidly with small additions of alumina up to a fraction which coincides 
with the experimentally observed critical fraction (F = 0.028) for 
densification. Further increases of alumina tend to cause a small increase 
in density, but this trend reverses and subsequent increases in alumina 
result in a decrease in density.
•This reversal of the expected behaviour can be explained by examining 
the green densities of the alloy compacts; these remain relatively 
constant until the reversal is attained when they progressively decrease 
with increasing alumina contents. The sintered density is dependent on 
the green density, and thus a decrease in the latter will lower the 
sintered density. This is illustrated in fig. 19 which also shows the 
influence of the cold pressing conditions. Some alloys were compacted 
in two batches. The earlier batch I was pressed for a longer period 
and hence attained relatively higher green densities and consequently 
higher sintered densities. Reductions in the pressing pressure were 
made for the high alumina alloys and this resulted in lower green (and 
hence sintered) densities.
Examination of the densification results also shows the influence of 
the pressing conditions; Compacts of batch I tended to exhibit a higher 
densification than those of batch II whilst those pressed at the lower 
pressures had a lower densification, fig. 18. This is probably a reflection 
of increased iron-iron particle contact due to increase plastic 
deformation during pressing for compacts of batch I, and vice-versa for 
compacts pressed at the lower pressures.
The X-ray examination of extracted alumina particles from a compact
of alloy F (10% alumina) confirmed the completion of the alio tropic
transformation from gamma to alpha alumina; this was prohahly completed
222by the time the sintering temperature was attained . The weak spinel
pattern indicated that in this particular compact some reaction between
the alumina and surface iron oxide had occurred during sintering and had
219not been completely reduced by the hydrogen atmosphere. Singh found 
no trace of spinel at the interface of diffusion couples sintered for 
300 h. at 1350 C in an hydrogen atmosphere. The presence, of a slight 
trace of spinel on the surface of the alumina, particles is unlikely to 
influence the deformation and recrystallisation behaviour of the alloys.
Hie porosity remaining in the sintered compacts was effectively removed 
during the hot extrusion process, so that the effect of a distribution 
of pores upon the recrystallisation behaviour of the alloys was not a
complicating factor in this investigation. Pores are known to inhibit
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grain boundary migration, for example (see review by Bhatia ).
The particle distribution in the extruded rods was essentially a random 
one, although it was not strictly so in longitudinal sections. This 
assertion of randomness is reasonable since the grain structure in the 
alloys was always relatively equiaxed; bamboo grain structures were 
never observed. It was considered therefore that the parameter to be 
used to evaluate the particle spacing should be based on a random particle 
distribution. The reasons for the choice of the nearest neighbour 
distance in a volume, A 3(3 )^ 8X8 discussed in the Appendix and
will not be repeated here. The calculated values of the nearest neighbour 
distance, 8X0 Presented in table IV together with those of
the ^asic* distance, A y  it is clearly evident that the use of the 
latter parameter results in significant differences in numerical values 
especially at the higher volume fractions of alumina.
The particle size achieved in the alloys, fig.22, is a function of the 
fraction of alumina present, the size increasing with alumina content 
up to a fraction, -F - 0.09 when it levels off to a steady value of about
0 . 3 radius. This dependence of particle size on the alumina content 
is probably a consequence of the sintering behaviour of the alloys, since
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the extent to which individual alumina particles agglomerate depends 
on the relative number of alumina-alumina particle contacts. The 
particle contact distribution is a sensitive function of alumina content 
in these alloys and has been discussed earlier. The sintered alumina 
agglomerates will subsequently break: down during extrusion at 1000°C to 
give the final particle size and distribution in each alloy.
Comparison of the particle sizes measured from scanning electron 
micrographs, table IV, with those calculated from the metallographic 
measurement of the number of particles per unit area indicates that few 
if any, particles were not counted because they were not resolvable in 
the optical microscope, whilst it is very likely that particles were 
not measured in the scanning electron micrographs as they were either 
washed off the surface or not fully exposed during the specimen preparation.
218The values of particle sizes quoted by Singh for his almost identical 
alloys (they were sintered at 1350°C compared to the present 1325°C) 
are generally about 25% less than in the present work which is probably 
due to the larger extrusion ration used(28:1 compared to the present 
11.6:1). His particle sizes were measured from electron micrographs of 
extraction replicas; this technique may well miss the larger particles 
if they are not fully exposed during etching, and this may be the reason 
why the particle size of his 5%■ wt alloy is much smaller than the
ones with less alumina.
The alloy grain sizes that result after extrusion in the present work, 
fig. 23, show a sharp decrease with increasing fraction of alumina up to 
a fraction of about 0.03 when they level out to a grain size of around 
6um (linear intercept value), i.e. a true grain diameter of about 9^m 
which is close to the original iron powder size of 7^* This fraction 
Of 0.03 is very similar to the critical value observed in the sintering 
process. The alloys undergo complete recrystallisation during extrusion, 
due to the high deformation ( >90%) and temperature involved. It may
be expected that grain growth following recrystallisation would reflect 
the influence of the dispersions in pinning grain boundaries. However, 
use of the Gladman criterion for grain boundary pinning (equation 34> 
section 2.4«8.3«1) results in grain sizes much smaller than those 
observed (for example, alloy J : 12um compared to 31um; alloy F :0*5um 
compared to 5* 3^)*
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The shape of the grain size curve suggests that the extruded grain size 
is dependent upon the sintered grain size which will he a function of 
the relative number of iron-iron particle contacts during sintering. This 
apparent dependence may well be a direct one since it has been shown in 
the recrystallisation experiments that for a given initial grain size, 
the recrystallised grain decreases with increasing alumina content (see 
table VIl), whilst an increase in the initial grain size results in an 
increase in the recrystallised grain size, especially at low fractions 
of alumina. The sintered grain size will be relatively larger’ at low 
alumina fractions, and hence, during extrusion, pure iron and the low 
alumina alloys will recrystallise to even larger grain sizes relatively 
compared to the high alumina alloys.
4*2 Recrystallisation
4*2.1 The Influence of the Dispersions on Recrystallisation following
60% Deformation
Inspection of fig. 35 reveals that both the particle size and spacing 
influence the kinetics of recrystallisation. The onset of recrystallisation 
is retarded in alloys with the finest particle size (r- 0.15um,alloys J 
and K) compared to pure iron and is progressively accelerated as the 
particle size increases irrespective of the particle spacing value (Exact 
values for tQwere not obtained because there were an insufficient number 
of specimens in the early stages of annealing). The time for 50% 
recrystallisation is increased (compared to pure iron) in all alloys 
with a particle radius less than about 0.3um, the time increasing with 
the fineness of the particle size and the closeness of the particle 
spacing. The alloys with a particle radius of about 0 . 3 all show a 
decreased time for 50% recrystallisation, the decrease in time increasing 
as the spacing decreases towards about 0.8um, when the trend reverses
i.e. the decrease in time decreases. A similar pattern of behaviour is 
observed for the time for 100% recrystallisation except that alloy P 
(r = ^3(BA) = ®*79um) has become retarded with respect to pure
iron (alloy H). The kinetic results for alloy 0 (r-0.32um) appear to be 
out of sequence; the reasons for this behaviour have not been clarified.
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The general pattern that emerges therefore, is that the onset of. 
recrystallisation is easier in those alloys containing dispersions 
with a particle radius ^0.20um and is retarded at particle radii <  0.19um. 
As recrystallisation progresses, the minimum particle radius for 
enhancement (compared to pure iron) increases. This perhaps suggests 
that the presence of particles greater than a critical size enhances 
the nucleation stage hut that the growth stage is retarded. This will 
he discussed later. For any given particle size a decrease in spacing 
appears to increase the degree of acceleration or retardation observed. 
However, for alloys that accelerate recrystallisation (particle radii 
abput 0.35um)> a critical spacing of ahout 0.8um is reached; helow this 
spacing the progress of recryst'allisation becomes progressively more 
retarded. At a given particle spacing, a decrease in particle size
results in a relative retardation in the recrystallisation kinetics.
■ . •
The experimental results suggest that at spacings larger than O.&um, 
there is a critical particle size for the enhancement of recrystallisation 
of ahout O.^um radius(or somewhere between 0.27 and 0.35"^) compared to 
pure iron.
•Some alloys had an initial grain size that deviated significantly from
the nominal size of 20um and this could he considered to influence the
interpretation of the kinetic results. Reference to fig.39 allows the
magnitude of the influence to he assessed. Alloys J and K with the
finest particle size had grain sizes of 25 and 22 urn respectively and
interpolation to a 20um grain size suggests that the times t._~ and t..~n
j'J luu
would be only slightly reduced. The values for alloy C, also with a 
grain size of 25um, would be hardly affected. In contrast, the high 
alumina alloys M, F and P had considerably smaller grain sizes, and 
comparison with alloy E, fig.39,' suggests that the values of t._~ and t.-~JV lUU
will be reduced, the differences between alloys M and F being increased 
and between F and P being slightly reduced. Thus the general pattern of 
behaviour is not significantly altered.
Measurement of the progress of recrystallisation by quantiative metallo­
graphy on polished and etched sections was not possible due to the 
difficulty in distinguishing between new recrystallising grains and the 
old deformed grains, especially after the early stages. This difficulty 
was due to the fine initial grain sizes and also to the particle dispersions. 
An alternative, the microhandhess point counting t e c h n i q u ^ u s e d  previously
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for pure iron was also impractible because the presence of oxide 
particles would influence the microhardness values.
The progress of isothermal recrystallisation can be determined, however, 
from the hardness-time curves (figs.33 and 34) and a knowledge of the 
time for the onset of recrystallisation, tQ , the fraction recrystallised 
being proportional to the drop in handness value from the value at t0.
This method relies on the assumption that either recovery processes have 
been completed before the onset of recrystallisation or that the rate 
of recovery remains constant during the progress of recrystallisation.
This can be verified experimentally; the hardness value at 50% 
recrystallisation (determined by the derivative technique), H^t^), 
should equal the average of the hardness values at t and t^g i.e.
H^tjo) = H ^ o )  + Hv(t100) /2. If the average value is higher than
H^t^o)-then it isimplied that recovery occurs during recrystallisation 
at a rate that decreases with time. In such cases the calculation of 
the fraction recrystallised from the hardness-time curve will be less 
accurate, especially at the lower fractions; the degree of accuracy will 
be reflected in the divergence of the values of time for 50% recrystallisation 
determined by the hardness reduction method-and the derivative technique.
Using this hardness reduction method, the progress of recrystallisation 
has been determined for each alloy and is shown in fig. 54- The values 
of t0, t^ Qand. t^oo determined previously are also indicated. It is clear 
that the usual sigmoidal relationship with time is followed for each alloy.
It is interesting to note that for pure iron and the low alumina alloys, 
no concurrent recovery was apparent (i.e. H ^ t ^ )  = Hv(tQ) + H^t.^) /2)’
indeed examination of the hardness curve for alloy J, fig. 34, showed that 
a distinct recovery stage occurred prior to the onset of recrystallisation. 
Details concerning the amount of apparent concurrent recovery are given 
in table IX.
The rate of recrystallisation for each alloy may be determined from the 
Avrami relationship (eqn.24, section 2.4«4«) ie.:
X = 1 - exP» ( - Bt^)
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where X is the fraction recrystallised and t is the annealing time. The 
value of k, the time exponent index is related to the dimensionality of 
the recrystallisation process. Applying this relationship in its 
logarithmic form to the data of fig. 54 shows that generally the data 
may he approximately represented by two straight lines, fig.55> their 
intersection (called the breaking point) occurring at recrystallised 
fractions in excess of 60%. The data generally fits on the initial line 
between fractions of about 10% and the breaking point. The slope of the 
initial line, k, is the time exponent index. The values of k and the 
breaking point fraction, X^, for each alloy are listed in table IX. The 
value of,k l apparently increases from 2.2 for pure iron to 4*4 for alloy 
«T with the finest particle size and thereafter decreases as the particle 
size increases to values of about 1.4* This suggests that the 
dimensionality of the growth stage during recrystallisation is altered 
by the presence of particle dispersions.
Besides influencing the kinetics of recrystallisatioh, the presence of 
particle dispersions also affects the recrystallised grain size, fig.48. 
The two alloys with the finest particle sizes (alloys J and K) have grain 
sizes larger than pure iron, whilst all the others have grain sizes that 
are smaller, the size decreasing with increasing particle size. The 
alloys with the largest particle size (r - have grain sizes
that decrease with decreasing interparticle spacing. There appears to 
be little upturn in the grain size at the critical spacing of about 0.8um 
observed in the kinetic results, but a small upturn in size would perhaps 
be masked by the difficulty of grain size measurement in these alloys.
An apparent upturn at spacings less than 0.8um is seen for alloy L 
compared to alloy C, both with similar particle sizes (r - 0.22um).
Again alloy 0 appears to be out of sequence.
The recrystallised grain size is also a function of the initial grain 
size but reference to fig.50 indicates that the deviations in initial 
grain size from 20um. for alloys J, K, C and M, F and P have little 
influence on their recrystallised grain size values. Thus the general 
pattern remains unchanged.
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Table IX Kinetic Analysis of Recrystallisation
Alloy «k« X
*
-- —
Concurrent Recovery
H5 (Pure Pe) 2.2 62.5 Rone
J5 4.4 62.5 Rone; separate recovery stage.
K1 2.6 58 Rone
G5 ‘ 2.1 60 Rone
C15 1.8 58 Rone
1*5 1.8 60.5 Rone
D11 - 1.4 9.4 15% of hardness drop from t0
E2 (i) 1.0 
(ii) 2.0
39
78
8% ^ valid from 10%
M6 1.4 82 9% k valid from 10%
F15 1.8 65 8% k valid from 10%
P4 1.3 66 6.5% k valid from 10%
45% Defn: Rotes
E14 (i) 1.0 15% Rone k^ valid 5-15%
(ii) 2.0 68% * k2 valid 15-68%
F15 (i) 1.1 45% 9-5% k-j valid 10-45%
(ii) 2.7 65% k^ valid 45-65%
k is the time exponent index in the Avrami 
equation, eqn.24.
Xg is the fraction recrystallised at the 
breaking point.
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The recrystallised grain size is chiefly a reflection of the nucleation 
rate, and the present results therefore suggest that, apart from alloys 
J and K, the presence of particle dispersions enhances the nucleation 
rate; - the degree of enhancement apparently increases with increasing 
particle size and decreasing particle spacing down to values of ahout 
0.8um when the trend reverses.
It has been inferred in the previous paragraphs that both nucleation and
growth rates (N and G) are influenced by the presence of the particle
dispersions. Direct measurement of these quantities during the progress
.of recrystallisation were not practicable, but an approximate measurement
can be obtained from a knowledge of the recrystallised grain size and
time for completion of recrystallisation (details are given in section .
3.2.3.) These apparent rates are values averaged over the duration of
recrystallisation and are not the same as the* conventional values of IT
and G. They assume that each viable nuclei formed results in a
201
recrystallised grain. Whilst this is not necessarily so, these 
apparent rates should not be seriously in error for the purposes of 
comparison between alloys, and they have been previously utilised in 
•studies of recrystallisation in dispersed phase aluminium-based alloys 
for example"*®* .
The influence of the particle dispersion characteristics on the apparent
nucleation and growth rates of iron is shown in fig. 51* Considering 
nucleation rates first, it is clear tha-t, compared to pure iron, nucleation 
is enhanced by the presence of particles larger than 0.22um radius, the 
degree of enhancement increasing with particle size. At the largest size 
(r = 0.35um) it is also evident that the nucleation rate increases with 
decreasing spacing towards a maximum value of about 0.8um, when the rate 
decreases with further decreases in spacing. This reversal of rate is 
also seen for alloys C and L with a particle size, r = 0.22um; alloy C 
( A^= 0.8um) has a slightly higher rate of nucleation than iron, but a 
decrease in spacing to 0.74™ results in a reduction in the nucleation 
rate. Alloys with particle sizes below 0.22um show a decreased rate of 
nucleation, the extent increasing with decreasing particle size and 
spacing.
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The growth rates of all the alloys are less than that of pure iron, the 
rates gently decreasing with decreasing spacing. For the alloys with 
the largest particle size (r= 0.35™) there is a sharp decrease in growth 
rate at spacings helow 0.8um. At'spacings above 0.8um the growth rates 
of these alloys is higher than in the alloys with smaller particle sizes.
Alloy J with the smallest size would appear>to have the lowest growth 
rate if the results for the other alloys are extrapolated to a spacing 
of 1.Oum.
Examination of the nucleation and growth rates indicates that the 
influence of the particle dispersions is more strongly exerted on the 
nucleation rate, and hence the influence of such dispersions on the > 
nucleation process is the principal controlling factor during recrystallisatio: 
of these alloys, although the reduced growth rate is also important for 
some alloys.
It is perhaps pertinent to discuss the present results in the light of 
previously published investigations of recrystallisation in iron and in 
its alloys containing dispersions of particles. Let us first consider 
the recrystallisation of pure iron.
During cold rolling several workers have shown that a cell structure is
56
generally formed in the deformed grains. Dillamore et al have shown
that the average cell size in a pure iron cold rolled 70% (initial grain
size - 300um) varied between 0.4™  and 0.8um diameter, depending on
the relative orientation of the grain. The average misorientation between
cells varied from 1-2°in grains with the large cell size to 5-6°for those
with the small cell size whilst the spread of the subgrain size distribution
in any grain increased with the increase in average misorientation. They
also calculated the stored energy of deformation as a function of the grain
orientation and showed that it was a maximum for those grains that had
the finest cell size and largest misorientation. This is not unexpected 
57since Holt has postulated that the cell size is inversely proportional
to the square root of the dislocation density. Average cell sizes ofit\
0.5™> with average misorientations of. 5~8°(pure iron deformed 65% by
201 14-3cold rolling have been reported by Gawne , whilst Taneda , examining
the micro structure of pure iron single crystals deformed by up to 83% by
cold rolling, observed that some crystals had well developed cell structures
with a size of 0.4™  and misorientations up to IQOwhilst others had
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barely developed cell structures (with larger cell sizes); the development 
of a cell structure depended on the crystal orientation.
The cell sizes reported ahove are much smaller than the limiting minimum
42cell size of reported "by Keh during tensile deformation of pure
iron. This is due to the more complex mode of deformation which causes 
the material to deform plastically in a constrained manner, and therefore 
the cell structure is distorted in order to respond to the overall shape
223,
changes. Thus the cell size continues to decrease with increasing strain .
In the present investigation it seems reasonable to suppose that on
deforming the pure iron (alloy H) by 60% a cell structure will form in
the deformed grains with an average size of about 0.5um and misorientation
of about 5-8 • In view of much finer initial grain size (20um), the
cell size will tend to be smaller than those reported above (this is
232confirmed by recent work on polycrystalline aluminium : the cell size 
dropped sharply at grain sizes below about 80um). This probably arises 
from an increased dislocation density (see section 2.2.4*7)» Differences 
in cell size and misorientation (and hence stored energy) between grains 
of different orientation may also be reduced.
Upon annealing deformed iron, the cell structure undergoes recovery and 
recrystallisation nuclei form. In an isothermal annealing study of several 
high purity irons cold rolled 60% (initial grain sizes - 100um), Leslie
117
et al observed that nuclei formed at the edges of cold-worked grains
and nucleation occurred substantially from zero time. Measurements of
108the nucleation rate by Antonione and Della Gatta on pure iron cold rolled
80% showed that the rate increased initially to a maximum and then
decreased with time. In a similar study on a high purity iron (initial
166grain size - 100um) cold drawn 60%, Rosen et al observed that 
nucleation occurred almost entirely along grain boundaries, but also 
noted that not all the grains formed nuclei.
The formation of nuclei from the deformation subgrain (cell) structure 
in pure iron deformed 70% by rolling has been studied by Smith and Dillamore
106
. Nuclei were formed by subgrain growth during isothermal annealing 
at temperatures between 300°and 500OC- and the rate of growth was found 
to be sensitive to the grain orientation. The fastest growth was observed 
in those orientations which had the smallest subgrain size and highest
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subgrain misorientation. These orientations also had the broadest
subgrain size distributions and calculations of subgrain growth in a
manner analagous to grain growth"^ (i.e. large grains grow at the expense
of. smaller ones) showed that this model was capable of explaining the
orientation dependence of subgrain growth. The coalescence mechanism of
141 142subgrain growth of Hu and Li ■ was shown to be unlikely in this
particular case. In some grain orientations no subgrain growth (and hence
nucleation) was observed below 500°C (their highest annealing temperature).
The lack of subgrain growth and nucleation in single crystals of iron with
the same orientations as those observed by Smith has also .been confirmed 
143byr Taneda , who attributed subgrain growth to the coalescence mechanism 
on the basis of the examination- of his electron micrographs. Such 
interpretation is open to argument (see section 2.4.2.15)«
These experimental observations are consistent with those in the present
work. An incubation period is seen prior to the detection of nuclei;
during this time recovery of the microstructure occurs which is observed
indirectly as softening. The apparent lack of an incubation period
117observed by Leslie et al may have been due in part to his higher annealing
•temperatures. Nuclei are observed predominantly at grain boundaries which
224
are sites of large strain gradients and are probably formed by the subgram
105
growth mechanism proposed by Smith and Lillamore . Nucleation is probably 
more copious than in the previous studies since the grain size is much 
smaller (20um compared to - 100um).
The progress of recrystallisation continues by the growth of the subgrains 
until all the deformed material is consumed. The rate of growth has 
generally been observed to decrease with time during isothermal annealing 
of pure iron, and this has been attributed to concurrent recovery which
117reduces the stored energy available for recrystallisation. Leslie et al 
deduced that the rate of growth, G, should obey the following equation 
until recovery ceased when the rate should be constant:-
G = k^EQ - k2 2n.t
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where E is the stored energy at the start of annealing, t is the time 
and and kg are constants. This equation was experimentally verified; 
for example at 480 C it was valid up to ahout 10% reCrystallisation (35 
mins) when the rate levelled out. Leslie has pointed out that the 
situation is probably complicated in pure iron due to grain impingement 
which occurs before the cessation of recovery.
166Rosen et al also observed a decreasing growth rate with time in pure 
iron, and this also decreased in two stages. The rates were only slightly 
reduced by prior recovery treatments and they therefore concluded that 
the cause of the decrease in growth rate was due to the coarse grain size 
rather than the decrease in driving force. The initial growth of nuclei 
in their study was preferentially along the direction of working i.e. 
generally along the grain boundaries until mutual impingement occurred 
when transverse growth was observed. Their implication is that the growth 
rate is anisotropic, which possibly arises from the mode of deformation 
employed i.e. cold drawing.
A two stage decrease in the growth rate has also been reported by
t 188Anonione and Della Gatta in an isothermal annealing study of pure
K
iron cold rolled 80%. The first stage decrease was attributed to
concurrent recovery, and the more severe decrease of the.second stage
was due to the added effect of grain impingement which reduced the area
of contact between the growing grains and the deformed matrix. However
this two stage decrease is only revealed in plots of log G versus log t.
If their data is replotted as G versus log t, i.e. to conform to equation
11740, a similar relationship to that found by Leslie et al is observed 
(see fig 50 in ref 84, p.178 for example), i.e. G decreases linearly with 
log.t up to a limiting value of t when the value of G begins to level out. 
Thus whilst their conclusions are not necessarily invalidated, the 
relative severity of the decrease in growth rate between the stages is 
reversed.
In the present study, recovery appears to have ceased by the time
recrystallisation commences, and therefore, it is probable that the growth
rate remains relatively constant . Also, since the grain size is small
166the growth of nuclei should occur isotropically , which is consistent 
with the metallographical observations in this material.
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The kinetic analysis of the recrystallisation process in terms of the
Avrami relationship (equation 24) is only valid providing that the growth
rate remains constant. This is clearly not so in many investigations
and modifications to the interpretation of the values of k the time
exponent index, in terms of the dimensionality of growth have heen 
166 169suggested ’ where the growth rate is of the form given hy equation 
26, section 2.4*4*; for a given dimensionality of growth the possible 
values of k become smaller.
It is clear that the correlation of the values of k obtained experimentally
with the theoretical dimensionality of growth must be tempered with some
caution, and doubts have been expressed as to the significance of such 
169correlations . However it is instructive to compare the experimentally 
determined k value obtained in the present study with those obtained 
previously; the relevant data is given in table X. A point worth noting 
in these analyses is that generally the observed decrease in growth rate 
only lasts for the first 10% or so of the recrystall-isation process, 
whereas the Avrami straight line fit to the data generally occurs for 
recrystallised fractions of over 10% when the growth rate is presumed 
to be levelling out towards a steady value. On the other hand grain 
impingement will occur and this will restrict growth in certain directions.
Examination of the data in table X reveals that the highest values of k
are about 2.2 observed by Antonione and Della Gatta and also in this
present study. In both cases nucleation occurred along grain boundaries
and growth was considered to be restricted to two-dimensions. For such
growth the Avrami analysis predicts a value of k lying between 2 and 3
166
which is consistent'with the observations. Rosen modified the Avrami 
analysis in the light of his anisotropic growth rates and predicted values 
of k between 0.5 and 1.5-ins tead of between 1 and 2 for one dimensional 
growth. His observed values of about 1.25 are consistent with both sets 
of predicted values, but he also observed values of k of between 0.87 and 
1.18,for iron that had received a prior recovery treatment. Since such 
a treatment is expected to preform the nuclei so that nearly all the 
nucleation occurs from the start of the recrystallisation anneal, one 
would expect the observed k value to be close to the lower predicted 
value which is not the case for Rosen* s modified prediction.
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Table X Avrami Analysis of the Recrystallisation, of Pure Iron
ference Defoliation AnnealingTemp.
Exptl. Value 
of k.
Observed
Growth
Pattern
Authors Comments
e et al 117 * 60% rolled 
strip
480°-650° 0.71-2.00 2-dml. Data poor fit to 
Avrami eqn.;
G obeys eqn. 40.
et al 60% drawn 
wire
517°-632° 1.25 1-dml.
initially
k value consistent 
with modified Avrami 
analysis for 1dml. 
growth.
G obeys eqn.26.
188lone 80% rolled 
strip
435°-457° 2.2 avge. 
(T.8-2.4)
2-dml. k value consistent 
with 2dml. growth. 
G obeys eqn. 40.
nt study 60% rolled 
strip
480° 2.2 2-dml. k value consistent 
with 2dml. growth.
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117Leslie et al claimed their data did not produce a good straight line 
fit and only made a brief mention of their observed values of k. Since 
their irons included a low carbon steel which contained particles (which 
would be expected to lower the value of k), it is not possible to comment 
on their measured values.
Deviations from the straight'line relationship at high recrystallised
fractions have been observed in the present work (fig. 55) and in previous 
166 188work 9 and this has been attributed to a change from a growth
166
controlled process to a nucleation controlled process • This is because
some deformed grains do not produce nuclei during annealing and
recrystallisation occurred by the growth of neighbouring recrystallised
grains into these sluggish grains. Such behaviour has also been observed
106 143in the studies of Smith and Dillamore and Taneda . The fraction
recrystallised at the breaking point of the straight line fit has been;
166
shown to decrease with a decrease in annealing temperature and this
117may be a contributory reason why Leslie et al claimed a poor fit for
their data. In some instances it appears that pure iron fails to completely
173recrystallise during annealing , and such behaviour was observed in the 
present study for the large grain size irons (section 3*4*2.3)*
In the present work, the recrystallised grain size remained unchanged
from the initial size of - 20um whilst reference to the larger grain
size work (section 3*3*4*4*) indicates that increasing the initial grain
size results in a relative refining of the grain size. Such observations
201are generally omitted in the literature, although Gawne reports that
pure iron deformed 85% and annealed at 500°C has a coarser grain size
166
after recrystallisation. Analysis of Rosen et al!s grain growth data 
indicates that the recrystallised grain size is also coarser, the 
coarseness increasing with annealing temperature. This latter observation 
is in agreement with the grain size experiment data of the present work 
(section 3*3*2), fig.27 for example, and is a consequence of the relative 
change in the ratio of the nucleation rate to the growth rate as the 
annealing temperature is raised. Thus for a given deformation, a refining 
or coarsening of the initial grain size may be obtained after recrystallisatio: 
depending on the annealing temperature selected.
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We may now consider the influence of particulate dispersions on the 
annealing behaviour of iron. The microstructure developed during 
deformation is influenced by the size and spacing of the particles
o/
(section 2.2.4*2). For example Leslie et al have shown that particles
of 1un dia. iii an Fe-Bi alloy tended to be found at the intersections of
four dislocation walls, and that each particle had a well developed cell
structure around it. The dislocation density of the cell walls was also
201higher compared to pure iron. More specifically Gawne observed a well 
developed cell structure in an iron alloys cold rolled 65% and containing 
a carbide dispersion with a particle size of 0.68um and spacing A3 (BA) = 
0.96um. The cell (subgrains) misorientations in the vicinity of the 
particles were much higher; this implied a higher dislocation density in 
areas adjacent to particles.
In an Fe-Cu alloy containing particles of copper ^00',-1 urn. radius and
QA
with a spacing of approximately A 3(3^) = Leslie .observed
that the cell structure developed after 60% cold rolling was much less
201
clearly defined compared to pure iron. Gawne observed in a similar
Fe-Cu alloy (particles 0.025um radius, A = 0.09um) cold rolled
65% that the deformation structure was similar to pure iron, the 
misorientations between subgrains being slightly higher.
Thus, in the present work, the dislocation density and distribution 
following 60% cold rolling can be expected to vary with the particle 
size and spacing. At the small particle sizes the dislocation content 
will be similar to pure iron and may be more uniformly distributed 
whereas the density of dislocations will increase with increasing 
particle size and decreasing spacing, and the distribution will be less 
uniform, a higher density being found in the vicinity of the particles.
Such suggestions are supported by the observed work hardening behaviour 
of the alloys, fig. 28. The hardness increase after 60% rolling for alloy 
G (particle radius 0.19um, spacing A  ^ £ ^ = 0.83um) is similar to that 
of pure iron, alloy H, whereas the increase is larger for the alloys with 
larger particle sizes.
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Upon annealing, recovery of the deformed micro structure occurs and
nuclei are formed from the recovered subgrains; such recovery and
nucleation behaviour is strongly influenced by dispersions of particles:
Preferential nucleation at particles has been observed in cold rolled
iron alloys containing particles of at least O.^um diameter by Pella Gatta
and Lucci"*^, Leslie et al^*"^, Gladman et al"^ and Gawne and Higgins^^
An increased nucleation rate was also measured by Antonione and Pella 
188Gatta . This particle induced nucleation was generally attributed to
the enhanced strain energy gradient around particles, and also because
the particles locally reduce the boundary energy of growing nuclei hence
120reducing the energy barrier for nucleation .
The association between nucleus formation and carbide particles has
190
been examined closely by Gawne and Higgins in iron containing a 
carbide dispersion (average particle radius = 0.68um, and spacing A 3(3^ )
= 0.96um). They observed that in the early stages of recrystallisation 
(7%) particles were the exclusive nucleation sites. However, not all 
particles nucleated and of these the average size was b.45itf&> thus 
suggesting the critical particle size was a little larger than this 
figure. They proposed that to nucleate grains, the particles should 
have a size equal to the subgrain size, which in their study was 0.5um.
They also observed a nucleation efficiency of greater than 1 (i.e. 1 
nucleus per particle) for particles situated at grain boundaries or in 
clusters. This was due to such configuarations giving rise to local 
levels of deformation higher than their separate individual contributions.
In the instance of fine particles nucleation is not enhanced at particles. 
8A
Leslie et al observed that in the case of a 60% cold rolled Pe-Cu alloy
containing precipitated copper particles (radius '^0.1 urn, A ^ ^ ^  °.3um)
the rearrangement of dislocations and hence the formation of a subgrain
structure was inhibited by the particles. Similar observations were made
121
by Goodenow and Held in a Ti-stabilised steel containing Ti(C,H)
201particles <  0.1um dia. whilst Gawne observed that in an 85% cold 
rolled Fe-Cu alloy (particles: 0.025um radius, A 3(5^) = 0.09um) 
nucleation by subgrain growth was sluggish and further inhibited by 
sub boundary pinning.
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However, in iron alloys containing alloy carbides and cold rolled up
120
to 90%, Gladman et al noted that when the dispersions were present
as particles 0.0025um radius (A^^^^O.02 - 0.05i3m) they inhibited
cell formation during recovery by immobilising dislocations and also
inhibited .subgrain formation and sub boundary migration. When the
dispersions were present as particles ^0.01um radius (spacing A
v<0.09 - 0.11 urn) they were unable to stabilize the subgrain size and
inhibit nucleation; they calculated that these dispersions were capable
of stabilising a subgrain size of **5um whereas the observed subgrain
size was ''Mum. These observations do not appear to be compatible with 
201 84those of Gawne and Leslie in Fe-Cu alloys where the particles are 
larger and more widely spaced, and may reflect the relative influence
120of the solute content of the ferrite matrix; for example, Gladman et al 
showed that when excess aluminium was present in a steel containing AIN 
particles of O.Otum radius considerable retardation of recrystallisatidn 
occurred.
We can now consider the present results in the light of these investigations.
The enhancement of the nucleation rate, fig. 51» was observed for particles
of 0.22um radius (above the critical spacing of 0.81um) and larger, which
correlates remarkably well with the critical size of just over 0.451311
190 201diameter observed by Gawne at a spacing of 0.9613m and with the cell
56 201sizes of 0.4 - 0.51m  dia. generally observed in cold rolled iron V 
(particularly for the faster annealing subgrains). The critical particle 
size of 0.22um radius in this study is an average value of a particle size 
distribution which will contain particles both larger and smaller 
than 0.22um rad., whereas Gawne*s observed value relates specifically to 
the lower end of a particle size distribution with an average size of 
0.54i3m radius. On this basis we can expect that somewhat less than one- 
half of the particles (assuming, an approximately symmetrical size 
distribution) will contribute to the enhancement of nucleation, and thus 
the apparent enhancement is not so pronounced as might be at first 
expected. This is especially true if the true critical particle size 
is larger than 0.22um radius. A significant enhancement is seen in alloy 
E (0.57i3m radius, A = 0.94um) which has similar dispersion 
characteristics to the alloy used by Gawne, and probably also has a similar 
particle size distribution.
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In these alloys where particle enhanced nucleation occurs, a nucleus can 
only form at each particle provided it is viable before it impinges on 
the adjacent nucleus formed at the near neighbour particles. Thus when 
the particle spacing becomes smaller than twice the diameter of a viable 
nucleus then mutual impingement of the embryonic nuclei will result and 
the nucleation rate will be reduced. In this study the nucleation. rate 
becomes relatively reduced below a critical spacing of about 0.8um which 
is slightly less than twice the critical particle size. However, the 
actual viable nucleus size may be a little smaller than the critical 
particle diameter instead of equal to it as suggested by Gawne. The 
agreement between the observed critical spacing and the predicted value 
is quite good, even on Gawne!s basis. A closer agreement with the 
predicted value can be obtained if we assume a possible 10% error in the 
particle size values. An increase in size of 10% would result in a 
critical particle size of ^-0.24um (instead of ^  0.22um) and a critical 
spacing of 0.88um.
Additionally, the observed critical spacing may be expected to be smaller 
than predicted because the prediction is based on nuclei forming on the 
side of the particle closest to the nearest neighbour particle i.e. the 
centres of the particle, the nuclei and the nearest neighbouring particle 
are in a line. Since there is no physical basis for such an occurrence, 
the critical spacing may be presumed to be smaller than twice the nucleus 
diameter.
At particle sizes and spacings below that of alloy C (0.22um rad., A ^(BA 
= 0.8um) a progressively decreasing nucleation rate is observed. This 
results from the influence of the particle dispersions on the deformation 
microstructure and/or the recovery processes leading to the formation of 
nuclei.
During deformation initiation of slip occurs on many independent systems
and together with increased cross slip a more homogeneous distribution
of dislocations is produced^,^ ^ ,^ ^ ,^ r^. During annealing, recovery
processes (i.e. dislocation rearrangement and cell of subgrain formation)
201
are retarded by the particle dispersions. Gawne has calculated that 
nucleation in his Fe-Cu alloy can only occur by abnormal subgrain growth 
and that the presence of the particle dispersion increases the critical 
relative subgrain size for such growth compared to pure iron; this results 
in reduced nucleation since the number of subgrains greater than the 
critical size will be less.
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A further retardation in nucleation may also be anticipated in alloys 
containing fine dispersions due to prior recovery which will reduce the 
driving force for recrystallisation. The amount of recovery required to 
achieve the cell or subgrain structure necessary for nucleation will be 
larger if the deformation structure is more homogeneous. The delay in 
the start of recrystallisation for the fine dispersion alloys J and K 
is consistent with these arguments, especially since a separate prior 
recovery.stage is observed for alloy J.
The progress of recrystallisation proceeds by the growth of the nuclei, 
and reference to fig. 51 indicates that in all cases the presence of 
particle dispersions lowers the- apparent growth rates compared to iron.
This is perhaps surprising in the case of the large particle size alloys 
where particle enhanced nucleation occurs since the growing nuclei may 
be expected to impinge on each other before they impinge on the neighbouring 
particles which could retard their growth. Also, since nucleation is more 
copious the time taken for completion of recrystallisation compared to 
pure iron will be less, and as the decrease in growth tate due to *
concurrent recovery is time dependent the average growth rate will therefore 
.be correspondingly higher.
The growth rates during annealing of cold rolled iron and iron dispersed
188with oxide particles have been measured by Antonione and Della Gatta . 
Initially the growth rate was higher in the oxide dispersed alloy, but 
it decreased much more rapidly with time. This was attributed to the 
enhanced nucleation of particles which resulted in more rapid impingement 
of the growing nuclei. This effectively reduced the dimensionality of 
growth with the result that the average growth rate was decreased. In 
pure iron such impingement with the consequent increased reduction in 
growth rate occurred at a later stage of recrystallisation.
This argument is consistent with the results for alloys with a particle 
radius of 0.35"™ fig.51> where most particles are above the critical size.
As the particle spacing decreases particle enhanced nucleation increases 
relatively and hence impingement of the nuclei will occur progressively 
earlier during recrystallisation; this results in the effective growth 
rate reducing at an earlier stage in the process and hence the average 
growth rate during recrystallisation (i.e. the apparent growth rate)
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decreases with decreasing spacing. Below the critical spacing the growth 
rate reduces more rapidly Because impingement occurs during the nucleation 
stage.
In the case of the growth of nuclei in alloys with particle dispersions 
below the critical size for nucleation enhancement, the growth stage 
involves the migration of the subgrain boundary through a deformed matrix 
containing particles, and the latter will exert a drag on the migrating 
boundary. The extent of this retarding force depends on the particle size 
and the number of particles per unit boundary area. By definition 
(equations 1 and 11, appendix) this latter quantity is related to the 
inter particle spacing. Thus the total retarding force/unit area of 
boundary Pp, is :- (equation 31> section 2.4-8.3*l)
Pp = tfA " r Y
which can be expressed in tenns of the particle spacing A 
J>p = 2 it r2.Y . ^0.554j3
Values P rarsge from ■ y* 2 x10^ dynes/cm for alloy J to w  1.5 x  10”
2 2 204 dynes/cm for alloy L, assuming a value of 800 ergs/cm for Y
compared to the driving force for recrystallisation of about 10^ dynes/cm^
(section 2.2.3.1); this latter value will'be reduced at the growth stage
due to the recovery processes that lead to nucleation. Furthermore,
233Nobili et al have reported that the boundary mobility in a SAP alloy 
is also affected since the activation energy for the process is increased.
It can be expected, therefore, that the retarding force exerted by particles 
will influence the kinetics of boundary migration.
For alloys C,B and L the growth rate is influenced by two considerations; 
in each alloy only some particles are large enough to promote nucleation 
and grain impingement (resulting in a decreased average growth rate) will 
be relatively reduced, but since nucleated grains have to grow into a 
matrix containing smaller particles, there will be a retarding force upon 
boundary migration. This force will tend to be smaller than the calculated 
above since not all particles contribute to pinning, but this is
• • . • • (31 O')
= 3-EV-Y 
2r
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counteracted to some extent since the effective value of the average 
particle radius will also he smaller.
Besides influencing the effective growth rate, grain impingement in the
alloys with particle enhanced nucleation also affects the dimensionality
188of growth, as suggested hy Antonione and Bella Gatta , and they '
observed that this reflected itself in the time exponent index k, in the
Avrami relationship. The value of k dropped from 2.2 for pure iron (two
dimensional growth of nuclei situated at grain Boundaries to 1.1 for iron
containing a dispersion of oxide particles (size range 0.1 - 10um dia.)
This value indicates unidimensiohal growth according to both the Avrami
166
and the modified Rosen et al analysis and metallographic examination 
showed that multi-nucleation occurred around the larger particles 
restricting growth to the radial direction only. Beviations from the 
straight line relationship at recrystallised fractions of 70% were 
attributed to the progressive impingement of the growing grains as they 
grow towards each other.
Two types of grain impingement are implied in their work and it is 
important to distinguish between them. Nuclei may be situated close 
together (e.g. around large particles or on grain boundaries) and as 
they grow they will impinge on each other in the very early stages and 
restrict each other1 s growth in one or more directions hence the major 
portion of the growth stage is dimensionally restricted. As recrystalli­
sation draws towards completion the growing grains must of necessity 
impinge in a random way and general growth becomes stifled since there 
is little or no deformed matrix available for their consumption.
Thenaverage” dimensionality of growth indicated in the Avrami analysis 
is dependent upon the types of nucleation site that occur and their 
relative predominence. For example, consider the case of an alloy where 
nucleation occurs both at grain boundaries and at large particles.
Growth of nuclei at the former site may be two dimensional and at the 
latter one dimensional, and if nucleation occurs equally at both sites, 
the relative proportion of the recrystallised fraction due to the growth 
of * grain boundary1 nuclei will progressively increase with time (assuming 
isotropic growth rates). Hence the measured value of !k* will lie somewhere 
between the two extremes, but will not be a simple average of the component 
!k* values for uni- and two dimensional growth. The situation becomes
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even more complicated if nucleation does not occur simultaneously at
the different types of site. This may account for the usual absence
of the straight line Avrami fit to experimental data in the early stages
201of recrystallisation. Gawne observed that nucleation occured predom­
inantly at particles in the early stages of recrystallisation and later
in the general unrecrystallised matrix away from particles. This may
211
explain the two *k! values observed in an Al-Zr alloy , k being ^ 0.5 
initially and later becoming 1.5*
It is clear that interpretation of !k ! values is not unambiguous, even 
when decreasing growth rates are taken into account, but their use can 
be instructive in a qualitative sense when considering the kinetics of 
dispersed phase recrystallisation.
Let us now examine the values of the time exponent index *k! obtained 
in the present study, table IX. The value of 2.2 obtained for pure iron 
was found earlier to be consistent with two dimensional growth of nuclei 
formed at grain boundaries. This increases to k = 4.4 for alloy J with 
the finest particle size which is a value larger than the predicted 
maximum of 4> corresponding to three dimensional recrystallisation.
Since only a separate prior recovery stage was observed for this alloy 
it is reasonable to assume that the growth rate was approximately 
constant: during recrystallisation. The particles are too fine to locally 
enhance nucleation, but probably cause a more uniform deformation structure 
which, after recovery, leads to random matrix nucleation (instead of 
grain boundary nucleation, observed in pure iron); these would grow in 
a three dimensional manner, although subject to particle drag. It is 
difficult to understand how a k value greater than the theoretical 
maximum can arise unless perhaps growth becomes faster as recrystallisation 
proceeds.
For the alloy with a slightly larger particle size, alloy K, the value 
of k drops to 2.6; this value lies in the range (2 to 5) for two 
dimensional recrystallisation although higher than that for iron (k=22), 
and may therefore indicate the influence of some additional three 
dimensional nucleation in the matrix. This is consistent with the 
observation of nucleation within grains in this alloy.
-155-
Nucleation within grains was also observed for alloy G whose value of 
k drops to 2.1 which is similar to that of pure iron. The value of k 
continues to drop to a value of'1.5 for alloy P as the particle size 
increases.
This is probably a reflection of the increasing amount of particle
enhanced nucleation that occurs. The values are a little higher than
188observed for pure iron containing oxide particles and mentioned 
earlier (p. 153)» but they can be rationalised since in this study the 
initial grain sizes are much finer (20um compared to about 100um) and 
grain boundary nucleation is therefore more copious and will exert a 
stronger influence on the kinetics, especially for alloys C and L where 
only some particles are enhancing nucleation.
Alloy P has a slightly larger value of k (=1.8) compared to its neighbouring 
alloys M and P, and this may be a reflection of relatively earlier particle 
enhanced nucleation so that during the main portion of recrystallisation 
grain boundary nucleation exerts a larger influence on the kinetics of 
growth. Alloy E shows such behaviour since two values of k are observed. 
Initially k = 1.0 and this consistent with particle enhanced nucleation, 
whilst the later value, k = 2.0, indicates two dimensional growth which 
suggests grain boundary nucleation predominates at a later stage.
In view of the particle size in alloys E,M,F and P (^ 0.55^ radius),
190each particle probably only nucleates one grain and therefore it is 
hard to understand why such nuclei should grow one dimensionally, as 
the values of k imply, unless growth is anisotropic due to the strain 
distribution in the locality of the particles. However impingement of 
nuclei formed on adjacent particles will occur early on, especially as 
the spacing decreases and this may be the reason.
In all alloys, a departure from the linear Avrami relationship is observed, 
and since completion of recrystallisation occurs in all cases, the 
deviation from linearity is probably due to grain impingement, since 
the sluggish re crystallisation of some grains is less likely in these 
dispersion alloys than in pure iron. This breaking point generally 
occurs at about 60% recrystallisation, table IX, although much higher 
values are observed for alloys D,E and M.
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It is perhaps interesting to note that in general the analysis of 
recrystallisation kinetics in dispersed phase alloys is seldom reported 
and the reported few have been confined chiefly to aluminium-based
a l l o y s * ^ * >225,226,233 values of k are frequently observed
211 225 226to be less than one ’ which supports the modified interpretation
of k values suggested by Loria et al (section 2.4*4«)«
Enhanced nucleation at particles implies that the recrystallised grain
size should be decreased compared to pure iron and the results, fig. 48,
are in accordance with this . Grain refinement also occurs because of
a decrease in the apparent growth rate even when the apparent nucleation
rate is similar to or slightly less than that of iron, fig.51* (i.e.
for alloys G, C and L). Similar refinements in grain size have been
reported for iron alloys where particle enhanced nucleation has occurred
188(see tablel). Antonione and Della Gatta show a micrograph where
colonies of finer grains are situated around oxide particles, and
observed that the grains were more equiaxed compared to iron whilst 
189
Leslie and Hicks showed that the grain size is further refined as 
the volume of inclusions increases, i.e. the spacing decreases.
On the other hand, where nucleation rates are retarded the recrystallised 
grain size is larger than the initial size (alloys J and K, fig. 48), 
again in accordance with previous investigations (see table 1).
Thus, the present work has shown,that besides influencing the stability 
of the deformation structure during annealing, the presence of a 
particle dispersion can be used to control the recrystallised grain size.
This discussion has been confined to the isothermal results but it is 
also applicable to the isochronal work where the recrystallisation 
behaviour is similar.
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4.2.2 The Influence of the Amount of Deformation upon the Recrystallisation
Behaviour
It is evident from an examination of figs.29,31 »33>35-37 that the progress 
of recrystallisation is accelerated during annealing (both isochronal 
and isothermal) as the amount of cold deofrmation is increased from 30% 
to 60% reduction in thickness for all the alloys; this is in general 
agreement with previous investigations for pure and dispersion strengthened 
metals. The extent of the response to the amount of deformation is 
decreased as the fraction of dispersed particles increases, fig.37, pure 
iron showing the largest decrease in t^, although this is not so 
apparent in the time for completion of recrystallisation, ^qq* ^  is 
• interesting to note in fig. 37 that on the basis of the times for 50% 
recrystallisation alloys G, C and D at 60% deformation, alloys G and C 
at 45% deformation and alloy G at 30% deformation are retarded compared 
to pure iron whilst on the basis of the times for complete recrystalli­
sation, 'fc.jQQj all three alloys (G,C and D) are retarded at all deformations.
The “t-jQQ curves for alloys E and F (with the large particle size)and 
-alloy G have an apparent reversed sense of curvature but this may arise 
if the section of curve in the range 30-60% deformation is part of a 
sigmoidal-shaped curve that has been relatively displaced.
The recrystallised grain size also decreases with increasing deformation, 
fig. 49 as well as with increasing particle fraction, with pure iron again 
showing the greater response. The results for alloy C at 30% and 45% 
deformation are probably high since the initial grain size was larger 
than standards (31um instead of 20um) and have been adjusted using the 
isochronal data, fig.32 as a basis. This is reasonable since the grain 
sizes are very similar. Two bars of alloy E were used and these result 
in differing grain sizes; the curve is therefore an average. Again the 
curves for alloys G and F show a reversed sense of curvature. This is 
somewhat unexpected for alloy G since the grain size experiment curves, 
fig.24-26, show a normal behaviour with increasing deformation.’ This 
suggests the results for this alloy after 45% deformation may be suspect.
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The grain size results imply that the nucleation rates increase with 
increasing deformation and this is confirmed in fig. 52. (The results 
for alloy C are the values based on the adjusted grain sizes; see previous 
paragraph). The apparent growth rates also increase. If we consider 
the nucleation rates, it is apparent that for alloys D, E and F with the 
largest particle sizes the increase in rate accelerates with increasing 
deformation whereas the reverse is true for the other alloys and iron 
(assuming the 45% deformation result for alloy G is suspect, adjusted 
values of and G! have been made assuming values of t^Q = l600min. 
and a recrystallised grain size of 21.0m). A similar trend is observed 
for the growth rates, and as with the kinetic results (fig.37)> these 
trends may be rationalised in terms of the observed curves being part 
of sigmoidal shaped curves.
The highest nucleation rates at any deformation are observed for the 
high alumina alloys to which particle enhanced nucleation was attributed 
at 60% deformation. Pure iron has the highest growth rate at all 
deformations except for 50% where alloys E and F have larger rates.
It is pertinent to remember that changed nucleation modes were observed 
for pure iron and alloys G and C at both 45% and 30% deformation (section 
3.3.4.4.) and this may account for the changed sense of curvature. In 
these alloys nucleation was observed to occur by strain induced boundary 
migration, although nucleation of new grains was also noted for alloy C 
at 45% deformation.
In this context it is interesting to note that kinetic analysis of the
hardness curves for 30% and 45% cteformation was not generally valid since
concurrent recovery (as defined by the hardness drop from tQ: see page
134) was generally in excess of 20%. However at 45% deformation such
analysis was possible for alloys E and P and in both, cases the data fitted
two straight lines before deviating at high recrystallised fractions.
The relevant details are given in table IX; initially a value of k 5a 1
is found and this later increases to a value of 2.0 (alloy E) or 2.7
211(alloy P). This behaviour has been previously observed , and it was 
postulated in the previous section that it was indicative of the 
separation of two types of nucleation mode each having a different 
dimensionality of growth. The present results are indicative of one­
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dimensional and two-dimensional growth respectively which suggests
particle enhanced and grain boundary-nucleation respectively, although
the latter k value may he a composite value of both one and three
dimensional growth, i.e. both particle enhanced and general matrix
nucleation occur together at this stage. Such nucleation behaviour is
201consistent with that observed by Gawne for an alloy similar to alloy 
E, and indicates that less recovery is required to produce viable nuclei 
at particles compared to that for grain.boundary or general matrix sites.
This difference appears to increase as the deformation is reduced.
The primary effect of increasing the deformation is to increase the 
density of dislocations in the deformed matrix and hence the stored 
energy which is the driving force for recrystallisation (eqn. 1, section 
2.2.3.1*) ' The amount of stored energy increases rapidly at low deformations, 
especially for the dispersion alloys, fig.28 for example, and then 
steadies off at high deformations. The higher stored energy for dispersion 
alloys is reflected in the decreased critical deformation for recrystal­
lisation indicated in fig. 24. The distribution of the dislocations is
also affected; the cell structure becomes more developed and the cell
143size decreases whilst the misorientations increase. Taneda , for 
example, reports that for certain crystals of iron the cell structure 
was hardly developed at 40% deformation and little misorientation could 
be detected across the rude cells of about 1 urn. diameter. However, after 
83% deformation there was a well developed cell structure of 0.4 m  diameter 
and with misorientations of up to 10°.
The increase in subboundary misorientation and driving force with
deformation infers that the critical nucleus size is decreased, and this
227
has been verified by Bay in aluminium. After 30% deformation the 
average nucleus (coalesced subgrains) was 30 urn in size and this decreased 
to 5um after 98% deformation.
The decrease in size is also pertinent to dispersion alloys. Since the 
critical particle size for particle enhanced nucleation is about the 
critical nucleus size, a reduction in the latter means that the critical 
particle size is also reduced, and this also leads to smaller values of 
the critical spacing (for mutual impingement of embryonic nuclei). Thus 
in an alloy where the particle size distribution straddles the critical 
particle size, an increase in the deformation will mean that smaller
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120particles and hence a higher fraction of the total, will nucleate 
new grains.
In alloys containing particles larger than the critical size, further 
increases in deformation will increase the rate of nucleation in the 
matrix away from particles, and the number of nuclei formed at each 
particle may also increase.
In alloys with fine particle dispersions that retard the nucleation
process, an increase in the amount of deformation may decrease the
.critical nucleus size to below the interparticle spacing and nucleation
becomes possible. The dispersions may still exert a drag on subsequent
233boundary migration and increase the activation energy for the process ,
but this is counteracted since the driving force is increased. The
. 228 • 
work of Hansen and Bay supports this contention. They observed during
the isochronal annealing of a S.A.P. aluminium alloy that the degree of
retardation compared to pure aluminium dropped rapidly beyond about 70%
deformation. The interparticle spacing of the alloy was about 0.4 um
whilst the subgrain size at 50% deformation was ^ 0.41^ 11 and decreased
•to ^  0.3nm at 90% deformation. The re crystallised grain size became
less coarse relative to pure aluminium indicative of the increased
nucleation at the high deformations. They considered that the degree
of deformation and the interparticle spacing were to some extent
interdependent parameters when determining the recrystallisation behaviour
of dispersion alloys.
The nucleation rate of both pure metals and metals containing particle 
dispersions (of any size or spacing) can be expected to increase with 
increasing deformation, and likewise the growth rate of nuclei should 
also increase since the driving force increases. Thus the time (or 
temperature) for the completion of recrystallisation together with the 
recrystallised grain size should decrease, and this has been experimentally
confirmed in both pure and dispersed phase aluminium^^ ,228 COppe2J®
84,120,121,201 ... , . - ,, n . _ . iron alloys where dispersions caused both accelerated and
retarded recrystallisation.
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The influence of the amount of deformation on the isothermal recrystal­
lisation of dispersion alloys is illustrated schematically in fig.56.
Curve 1 represents pure iron; recrystallisation will commence beyond 
a critical deformation, ( 20% for iron according to fig, 24) and at
the low to moderate deformations nucleation will occur by strain induced 
boundary migration or!bulge nucleation*. Such nucleation will be small 
at low deformations, but will increase relatively rapidly as the defor­
mation increases. The growth rate will also increase and hence the time 
for complete recrystallisation and the recrystallised grain size will 
quickly decrease from relatively large values. As the deformation 
increases further, the heterogeneity of the strain distribution decreases 
and the nucleation mode will change to a cell ( or subgrain) growth 
mechanism. Such nucleation will still be favoured at grain boundaries 
but matrix nucleation will also occur at high deformation. The change 
in mode occurs at deformations of around 50%* At these high deformations 
the nucleation rate will level off, as will the growth rate since the 
total stored energy steadies out. Thus the values of t^^ and final 
grain size will also tend to level out. The nucleation rate and -^jqo 
curves are sigmoidal in shape.
Curve 2 represents a dispersion alloy with a particle size such that 
at high deformations all the particles nucleate new grains and with an 
interparticle spacing of about the optimum value i.e. similar to alloy 
P in this study. At low deformations there will be a sufficient degree 
of localised deformation around many particles for particle enhanced 
nucleation to occur, and the nucleation rate will be relatively large.
The general level of stored energy will also be relatively high and so 
the alloy will recrystallise quite rapidly to a fine grain size.
Increasing deformation will allow more particles to nucleate and also 
some general nucleation away from particles will occur (generally later 
than the former mode); thus the nucleation rate will tend to rise with 
a consequent decrease in the recrystallisation time. The grain size will 
be relatively little changed since the increased rate of nucleation will 
be balanced by the correspondingly faster rate of growth. Further 
increases in deformation will have little effect since all particles nucleate 
and general nucleation is limited by the lack of available space that is 
divorced from particles.
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Fig, 56 Schematic: The Influence of Deformation upon the
Isothermal Recrystallisation of Dispersion Alloys
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Curve 3 represent an alloy similar to that of curve 2 except that the 
particles are more widely spaced (i.e. similar to alloy E in the present 
study). As there are less particles the nucleation rate will he relatively 
lower at low deformations and hence the alloy will recrystallise a little 
more slowly and to a less fine grain size. Since there are less particles 
more general nucleation in the matrix can occur and hence the nucleation 
rate will show a larger responce to increasing deformation and the curves 
for H !, t^QQ and grain size will tend towards those of the alloy represented 
hy curve 2.
A similar alloy to those ahove hut with a particle spacing less than the 
optimum (i.e. similar to alloy P in the present study) would also tend 
to follow the trend of curve 3 since less impingement of embryonic 
nuclei would occur as the deformation increased due to the decrease in 
critical size. Curve 4 represents an alloy similar to that of curve 2 
hut with a particle size such that all particles nucleate even at low 
deformations. The ‘fc-jQQ and grain size curves would he similar hut lower 
than those represented hy curve 2.
Curve 5 indicates the behaviour of an alloy similar to that of alloy D 
in the present study where only some particles nucleate, even at high 
deformations i.e. the particle size is smaller than those represented 
hy curves 2,3 and 4» At low deformations very few particles can nucleate 
grains and general matrix nucleation will also he sluggish. However, 
increasing the deformation will enable a rapidly increasing number of 
particles to nucleate and the nucleation rate will rise towards those 
of alloys with large particle sizes. As with the previous alloys the 
growth rate will also increase hut the general level will he lower than 
that for pure iron due to the more restricted dimensionality of growth 
and also to some particle drag on grain boundary migration. At high 
deformations the nucleation rate may he sufficiently high to cause the 
t'-j-QQ curve to cross below that for pure iron. The grain size will he 
finer than that of iron.
Curve 6 represents an alloy with a finer particle size where few if any 
particles can nucleate i.e. alloy G in the present study. The curves 
will tend to follow those of iron hut the nucleation rate will be reduced
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because of the more homogeneous distribution of strain. Grain boundary 
migration will also be somewhat restricted by particle drag. The 
nucleation modes will be similar to iron i.e. strain induced boundary 
migration at low to moderate deformations and subgrain growth at high 
deformations. As a consequence, the completion of recrystallisation 
will be retarded at all deformations, but the lower growth rate will 
compensate to some extent for the lower nucleation rate so that the 
final grain size will be similar to that of pure iron.
V/hen an alloy contains a very fine dispersion, recovery processes and 
hence nucleation will be considerably retarded, curve 7. Significant 
nucleation can only occur if the critical nucleus size becomes less 
than the interparticle spacing or if the driving force is sufficiently • 
large to overcome. the retarding influence of the dispersion. Growth 
of nuclei will be very slow due to particle drag on boundary migration. 
Thus the completion of recrystallisation will be much retarded compared 
to pure iron and the recrystallised grain size will be coarse. If the 
dispersion is sufficiently fine and closely spaced then recrystallisation 
may be completely stifled, especially at low annealing temperatures and 
'at low deformations.
4.2.3 The Influence of the Initial Grain Size upon the Recrystallisation
Behaviour •
Examination of fig. 39 reveals that pure iron shows the largest response 
to a variation in the initial grain size, the times for 50% and- 100% 
recrystallisation decreasing sharply below a grain size of about 
The shape of the curve suggests that this decrease levels off to a 
minimum value at very small initial sizes. At the large grain size 
. v  ( v/\ 120um) pure iron fails to completely recrystallise.
Alloys G and C also show a decrease in t ^  and ’ t q^q • values ^  u'm ’^
initial grain size and the curves for t ^ Q cross at grain sizes below
20 urn. so that alloy G recrystallises faster than alloy C. Pure iron
recrystallises faster than both these alloys at low grain sizes whereas
the converse is true at the higher grain sizes ( >  50um). The shape
of the curve for alloy C suggests that the times tr<~ and t.~~ level off
50 1UU
to a steady maximum value at large grain sizes and this is also probably 
true for alloy G.
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Alloy E shows a reversed behaviour, i.e. the times t^Q and t-jQO increase 
at low grain sizes, the curve shape suggesting constant values at grain 
sizes above about 30um* It is clear that in this instance grain boundaries 
exert a retarding influence on the kinetics of recrystallisation.
The recrystallised grain size curves, fig.50, follow similar trends to 
those of the kinetic curves. Pure iron follows a sigmoidal curve that 
indicates that the recrystallised grain size steadies out to a minimum 
values ( yr* 19um) at low initial grain sizes and a maximum value ( ^  50^ )  
at high initial grain sizes. The curves* for alloys G and C both appear 
to suggest that the recrystallised grain size continues to decrease at 
low initial grain sizes but steady out to maximum values of ^  25 and 
y\ l6um respectively at initial sizes in excess of 50-60um. The results 
for alloy E suggest that the initial grain size has little influence on 
the recyrstallised grain size. Unlike the kinetic curves, there is no 
cr'oss over of curves, the recrystallised grain size decreasing with 
increasing alumina content for a given initial grain size.
These results imply that the initial grain size influences both the 
nucleation and growth rates and this is observed to be true, fig. 53 • 
Generally the nucleation rate is the most influenced, but the growth 
rate is also significantly affected in the case of pure iron. Apart 
from alloy E, both the nucleation and growth rates tend to decrease 
with increasing initial grain size; alloy E shows a peak In the nucleation 
rate and an increasing growth rate, and the latter appears to be the 
principal factor in the recrystallisation of this alloy. In the case 
of alumina containing alloys, the curves tend to suggest that both rates 
level out to steady values at the large initial grain sizes; this may 
also be true for pure iron..
As in the previous sections, kinetic analysis of the hardness curves 
was carried out*, and the results are given in table XI. Straight line 
relationships were observed in each case, and often two straight line 
fits were resolved, giving rise to two values of !k ! , the initial value 
usually being around 1.0 and the second larger than the first.
* In this connection, the values of the fraction recrystallised obtained 
metallographically for the pure iron alloys correlated well with those 
obtained from the hardness curves.
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The implications of these k values in terms of the dimensionality of 
growth have been previously discussed (section 4*2.1); however, 
comparison with fig.53 shows that the increase or decrease in the Average* 
k value for each alloy with decreasing initial grain size is consistent 
with the observed trend in the apparent growth rates.
The primary influence of a variation in the initial grain size is on
the deformation microstructure, and it has been shown that a decrease
42 90in grain size results in a higher dislocation density * and hence an
increased stored energy^""^ thus increasing the driving force for
93recrystallisation. Conrad and Christ have related the dislocation 
density to the grain size (equation 5> section 2.2.4*7*)«
It may be expected therefore that a decrease in grain size will result
in an acceleration of recrystallisation, and this has been confirmed in
94* 95 1 6 5 18 21copper 9 aluminium and in dispersed phase aluminium alloys ’
The cause for this acceleration was attributed to ah increased nucleation 
' 18 21 16 5rate V  ’ • In this respect, the distribution of the dislocations is
also important; grain boundaries are known to be sites of localised
79 134 147
higher deformation and hence have frequently been observed to
117 166 188be preferred sites for nucleation. ’ . ’ in iron for example. Thus 
it is reasonable to expect an increased rate of nucleation as the grain 
size is decreased.
70 • •
Stuwe has considered the critical size of a nucleus; it can only be
viable if the driving force permits the formation of new grain boundary
area, i.e. combining equations 1 and 9
G.b.p. ^ 2 Y • • • (42a)
crit
i.e. rcrit 2 Y 
Gb2p
• • • • (42b)
Substituting for p in equation 5
rcrit (43)
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Table XI Influence of the Initial Grain Size on 
the kinetic Analysis of Recrystallisation
Alloy and k + Range of Concurrent*-Grain Size JS. Validity Recovery
H5 - A
<2;
0.8
1.6
10-40%
40-53% Rone
- B
c2;
0.8  
) 2.8
15-45%
45-60% ~ 9%
- C
&
1.2 
) 2.2
• 5-48% 
48-62% ^4%
- D 2.3 1-60% None
- std. 2.2 12-62% None
G2 - A 1.2 8-75%
■ •
^ 21%
- B 1.4 1-60% Rone
- C
$
1.5 1-70% 4.5%
- D 1.7
2.8
1-30%
30-70%
Rone .
C14 - A 1.2 1-70% Rone
- B 1.1 5-70% *2%
- C 1.3 15-70% Rone
“ D 1.5 10-60% Rone
E14 - A
(2j
1.0
>*4.0
12-42%
50-70% "14%
- B
(2<
>1.3
3.5
1-28%
28-55% Rone
- C
&
1.1
>3.2
5-18%
35-60% Rone
4 -
These are defined in section 4*2.1
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where k is the constant in eqn.5*
Hence the critical nucleus size is a direct function of the initial
grain size, and thus a decrease in the latter should result in increased
232
nucleation. (Recent work on aluminium suggests n -J- if the nucleus 
is assumed to he derived from the cell structure formed during deformation).
A quantitative investigation of the influence of grain size upon
229recrystallisation has heen carried out hy Channon and Walker -on alpha- 
hrass. They found that the recrystallised grain size was related to the 
initial grain size:-
^Recryst.gr.size*] = h £lnit. grain size]a . . . . .  (41)
where h is a function of the deformation and a is a constant and equal’ 
to ahout 2. However this relationship was not found to fit the present 
results.
ct
Since nucleation was observed to occur predominantly at grain boundaries 
in pure iron it could he anticipated that the recrystallised grain size 
should he inversely proportional to the grain, boundary area (i. e. -inversely 
proportional to the square of the initial grain size), hut no such 
relationship was observed.
The present results, with the exception of alloy E, are in qualitative 
agreement with previous work on the influence of grain size on recrystal­
lisation and the nucleation rate. The observed increases in apparent 
growth rate also support the contention of an increased stored energy 
resulting from a decrease in grain size, hut it must be remembered that 
the apparent growth rate is also a function of the dimensionality of 
growth of the nuclei which also tends to increase according to the k 
values in the kinetic analysis, table XI.
Considering the behaviour of pure iron, it is difficult to understand
how low initial values of k arise at the larger grain sizes unless there
is growth anisotropy arising from the deformation as observed by Rosen 
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et al for cold drawn iron. The increases in both nucleation and growth 
rates with decreasing grain size supports the contention of an increased 
stored energy giving rise to an increase in growth rate and nucleation
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rate, the latter assisted hy the increased grain boundary surface area, 
since nucleation occurred preferentially at these sites. However, another 
possible contributory cause for the observed acceleration of 
recrystallisation arises, namely the influence of texture. In order 
to achieve the initial grain sizes for this study, the iron bar was 
subjected to varying prior deformations followed by annealing. Thus 
the starting texture of the alloys could.be expected to vary with the 
initial grain size, and hence the final • deformation texture would also 
vary accordingly. It has already been explained (see section 4*2.1) that 
the subgrain growth mechanism of nucleation is very dependent upon the 
grain orientation, and that this is the probable reason for the lack of 
complete recrystallisation in the large grain sized iron.
The influence of grain size on the behaviour of alloys G and C may be 
expected to be less than that exerted on pure iron since in these alloys 
some nucleation also occurs at particles. The proportion of particles 
enhancing nucleation will be larger for alloy C since it has a larger 
average particle size compared to alloy G and therefore a larger portion 
will be greater than the critical particle size. The total amount of 
nucleation is probably additive i.e.
i
Total nuclei = (nuclei at particles) + (nuclei at grain
boundaries and/or in matrix)
and hence the influence of a decrease in grain size on the nucleation rate 
will be relatively smaller for alloys where particle enhanced nucleation 
is more prominent. However a decrease in grain size will also reduce the 
critical nucleus size and thus more particles will be capable of nucleating 
new grains and will augment the increased nucleation at boundaries and in 
the matrix and the total nucleation rate will be greater. This argument 
is consistent with the observed nucleation rate curves, fig. 55» alloy-C 
being less sensitive to grain size than alloy G, and both being less 
sensitive than pure iron. The levelling of the rate at large grain sizes 
reflects the amount of nucleation at particles which will remain relatively 
constant.
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The growth rates may he expected to increase in these alloys with a 
decrease in grain size due to the increased driving force and a 
relative reduction in the particle drag on migration since more particles 
are nucleating and therefore are not involved in obstructing migrating 
boundaries. However the relative level of stored energy is higher in 
these alloys compared to iron and this leads to a less sensitive 
response of the growth rate with grain size. Hence at large grain sizes 
the growth rates are higher than in pure iron.
It may be expected that alloy E would show the same pattern of behaviour 
as alloys G and C except that a smaller response to grain size would 
result in view of its large particle size. The nucleation rate appears 
to fit this pattern down to a grain size of around 10um.when the nucleation 
rate decreases. This implies that the grain boundaries are working with 
the particles to effectively obstruct nucleation, i.e. the effective 
"particle” spacing is below the critical spacing to allow a viable nuclei 
to form at each particle (see section 3.4*2.1.) If this is the case then 
nucleation in alloys F and P may be considered to have' been more severely 
retarded since their grain sizes were less than 10um and their particle 
.spacings closer.
The decrease in the apparent growth rate of alloy E with decreasing 
grain size must arise from a reduced dimensionality of growth which 
results from the early impingement of nuclei, since the linear rate of 
growth would be expected to increase slightly due to the increased 
driving force for recrystallisation. Thus, the times for 50/ and 100%  
recrystallisation tend to increase whilst the recrystallised grain size 
shows little variation.
The present results show the importance of the initial grain size in 
interpreting the influence of particle dispersions on the recrystallisation 
behaviour of iron and pure metals in general. The standard conditions 
selected for the main part of this work included a nominal initial grain 
size of 20um (results, section 3*3*4*1.5 discussion, section 4*2.1) and 
it was observed that only alloys with particle radii, r = 0.35^ showed 
accelerated recrystallisation behaviour compared to pure iron. It is 
clear from fig. 39 that the selection of a grain size greater than about 
60um would show that all the alloys with a particle radius of 0.19um or
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larger had relatively accelerated recrystallisation, the differences 
between alloys also being more marked.
These initial grain size results also allow an explanation of an apparent 
anomaly in the isochronal results, fig.31 • It was found that the 
temperature for 50/ recrystallisation, Tj-q at both 30/ and 60/ deformation 
for alloy G was lower than that for alloy C (this was also true for T^q 
at 60% deformation). This arises because at the grain sizes used (^13^) 
there is a crossover in their relative kinetic behaviour (fig. 39) and 
alloy G does recrystallise faster than alloy C.
4.2.4 Mechanisms of Recrystallisation in Dispersed Phase Alloys
4.2.4*1 The Mould - Cotterill Hypothesis
21Mould and Cotterill realised from their work on aluminium alloys and 
from previously published work that recrystallisation in dispersed phase 
alloys was largely controlled by variations in the nucleation rate, and 
they presented a hypothesis for recrystallisation based on the influence 
of particles on the nucleation rate. The essential features of their 
hypothesis has been set out in section 2.4.8.2.3 and summarised in figs.
16 and 17* It assumes that the stored energy in an alloy is not 
significantly altered by the presence of particles, and that all particles 
are capable of nucleating new grains. Thus increasing the number of 
particles results in an increase in the nucleation rate and hence 
recrystallisation is accelerated.
. The hypothesis predicts two critical spacings; the first, C^, occurs
because nucleation at particles becomes stifled due to mutual impingement
of the embryonic nuclei at adjacent particles before they become viable
and the second C^, occurs at closer particle spacings when the particles
pin the recovered substructure and prevent the formation of nuclei i.e.
the particle spacing is less than the critical nucleus size. Prom the
21 18
experimental work on Al-Pe and Al-Cu alloys they obtained values of 
the critical spacings: C^= 4«0um and C^ = 1*8 urn. These values are 
somewhat large for aluminium alloys since the value of C2 should be of 
the order of the cell or subgrain size. Values of the cell size in
130 22Smoderately deformed aluminium alloys are typically about 1um or less *
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The reason for the apparently large values of the critical spacings
18 21
lies in the choice of spacing parameter selected for the studies 9 
namely that based on the Shaw et al analysis (reference 4 in the appendix). 
This analysis is derived on the basis of some poor assumptions and leads 
to large values; it has been critically discussed in the appendix.
The correct spacing parameter to be used in recrystallisation studies has 
been suggested in the appendix and is based on a random particle distribution,
i.e. the nearest neighbour distance, A Re-evaluation of the Mould and
21 18 
Cotterill and Doherty and Martin results in terms of this spacing
parameter leads to more realistic values of = 1.8um and 0^= 0.8um
which are in better agreement with the theoretical basis of the hypothesis
i.e. that the value of C2 should be about the cell size. This value is
190
also consistent with the postulation that the critical particle size 
for nucleation at particles should be about the cell (or subgrain) size; 
the particle sizes in these investigations were between 0.4 -0.55'^ 
radius for alloys in the acceleration regime.
There are several comments that may be made concerning the hypothesis.
The first concerns nucleation: Mould and Cotterill rationalised nucleation
at grain boundaries and particles in terms of the subgrain coalescence
141mechanism proposed by Hu . However nucleation may occur by the subgrain
106growth process as evidenced by Smith and Dillamore in pure iron and 
this is also consistent with their hypothesis. Both nucleation mechanisms 
are generally viable only at moderate to high deformations, and the 
validity of the hypothesis may be in doubt at low deformations where 
nucleation by strain induced boundary migration is favoured.
The reduction in the apparent growth rate at spacings below the critical 
spacing C^  was attributed solely to the increasing effect of particle 
drag on boundary migration. Whilst the true rate of linear growth might 
be expected to diminish because of increasing particle drag, the apparent 
rate of growth will also be further reduced because the high rate of 
nucleation reduces the overall dimensionality of growth due to early 
nuclei impingement. This latter influence will be most significant at 
spacings nearer to the critical spacing .and will' also-be felt at 
spacings larger than . Thus a decrease in apparent growth rate may be 
expected before the critical spacing is reached.
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The influence of the particle size was neglected in the hypothesis, hut 
it can he incorporated; it is illustrated schematically in fig.57- 
Curve 1 represents the apparent nucleation rate during annealing of 
deformed alloys where each particle is potentially capable of nucleating 
one new grain only. As the particle spacing decreases (i.e. the number 
of particles/unit volume increases) the total nucleation rate increases.
The curve shape is dictated by the relative proportion of nuclei formed 
at particle interfaces compared to grain boundaries and will vary in 
severity with the initial grain size. Nucleation becomes stifled at 
critical spacing due to nuclei impingement in the embryonic stage and 
severely inhibited at spacing Cg* Curve 2 represents the situation where 
each particle, on average, is capable of nucleating more than one new 
grain. Thus for a given spacing the nucleation rate will be higher and 
the recrystallised grain size finer at spacings larger than C^. In both 
these cases, the presence of particles will tend to enhance cell formation 
during deformation.
Curve 3 represents the situation where the particles are below the critical 
size for particle-enhanced nucleation. The nucleation rate decreases at 
an accelerating rate as the particle spacing decreases. Such behaviour 
arises because the particle dispersion tends to cause a more homegeneous 
distribution of dislocations during deformation and also retards the rate 
of recovery during annealing. The extent of these effects increases with 
decreasing particle spacing and the onset of recrystallisation becomes 
retarded. The recrystallised grain size becomes coarser compared to those 
alloys represented by curves 1 and 2.
In the cases where particle enhanced nucleation occurs the apparent growth 
rate may be expected to follow the trend of cucve 5 for the reasons given 
three paragraphs earlier whereas the trend of curve 4 may be expected if 
the stored energy increased as the spacing decreases' and reduced dimension­
ality of growth does not occur. Curve 6 indicates the growth rate 
behaviour where the particles are below the critical particle size for 
nucleation. At any spacing particle drag will be larger due to the 
smaller size of the particles (see section 2.4*8.3*1*) and the fact that 
migrating boundaries also have to pass particles at spacings larger than 
C.j because nuclei are not formed at them.
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It is apparent, fig.57> that the critical spacings C^and C2 will only 
he distinguished in studies where particle enhanced nucleation occurs.
The values obtained for these spacings will depend upon the critical 
nucleus size and this will vary somewhat with the amount and mode of 
deformation and the initial grain size prior to annealing. Thus the 
critical spacings are not invariant values for a particular alloy matrix 
although the variation in values will be relatively small.
• 4*2 The Present Work
The discussion of the present results (section 4*2.1.) reveals that they
are consistent with the Mould- Cotterill hypothesis and the suggested
particle size modification. For the alloys with a particle radius of
0.35um, the nucleation rate, fig.51, increases as the spacing decreases
up to a critical spacing of about 0.81um and decreases at closer spacings.
This critical spacing corresponds to the first spacing in the Mould-
Cotterill hypothesis, and is consistent with the prediction of being about
twice the subgrain size (about 0.4 -0.5um in iron). The particles are
also larger than the subgrain size, which is the requirement for particle
190enhanced nucleation . It was not possible to confirm the value of the 
second critical spacing since no alloy had a sufficiently small spacing.
The increase in nucleation rate in alloys containing all or some particles 
large enough to cause nucleation at their interface was minimised in this 
study because of the fineness of the initial grain size (20um); this 
resulted in relatively high!base! rate of nucleation at grain boundaries.
In fact, for alloys G, C and L an apparent lack of an increased nucleation 
• rate.is observed, fig.51/although the recrystallised grain sizes are 
finer than puce iron. This indicates that whilst the total number of 
nuclei formed is increased in these alloys, because the recrystallisation 
process takes longer to complete (i.e. growth .is slower) an increase in 
the apparent rate is not observed due to the nature of its calculation.
This emphasises the real difference between a true nucleation rate and 
the apparent rate used here. The results for alloys G,C and L imply that 
the growth rate is the principal controlling factor in their recrystallisa­
tion behaviour at low initial grain sizes;
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At large initial grain sizes (i.e. >  60um) thetbase* nucleation rate 
becomes much lower, fig. 53> and the influence of the additional 
nucleation at particles is more prominent, and differences in growth 
rate have less effect on the recrystallisation behaviour, figs. 39 and
50. This is the situation to which the Mould-Cotterill hypothesis was 
originally applied, and the present work indicates that the initial 
grain size must be taken into account in thehypothesis if its general 
validity is to be accepted.
The magnitude of the effect of particles on the recrystallisation 
behaviour is also influenced by the amount of deformation, the differences - 
between alloys being accentuated at the lower deformations. This does 
not modify the interpretation of the results in terms of the Mould- 
Cotterill hypothesis, however, even though a change in nucleation mode 
was observed ait low deformations for pure iron and alloys G and C. This 
may be because the basic nucleation sites remained at grain boundaries, 
whilst particles large enough to enhance nucleation were still able to 
nucleate new grains by the subgrain growth (or coalescence) mechanism 
Since nucleation at boundaries becomes more difficult, the influence 
of particle enhanced nucleation is therefore proportionally more 
prominent. It is probable that at very, low deformations the local degree 
of strain around particles becomes too small for nucleation to be favoured 
at these sites and the hypothesis will not be valid.
It is interesting to note that the apparent growth rates for alloys 
with particles larger than the critical size tend to follow the pattern 
of curve 5> fig. 57 > whereas Mould and Cotterill observed curve 4-"type 
behaviour.
The present work has confirmed the general validity of the Mould-Cotterill 
hypothesis but it has also indicated its limitations, especially in 
respect to particle size and the initial grain size.
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4.2.4.3 Previous Investigations
Investigations of the recrystallisation behaviour of metals containing
particulate dispersions generally have not been interpreted in terms of
the Mould-Cotterill hypothesis. A recent investigation of dispersed phase 
225
Al-Zr alloys has shown that their recrystallisation behaviour was 
consistent with the Mould-Cotterill hypothesis. Critical spacing values 
of 1.8 and 3*0uei were obtained which are larger than those obtained by 
Mould and Cotterill for Al-Fe/Al-Cu alloys (the modified values, based 
on the correct spacing parameter, section 4*2.4*1 )> although the testing 
conditions were similar. The dispersed particles in the accelerating 
region (i.e. at spacings of C^  or larger) were large plates 10um square 
by 1um thick and as the spacing parameter is essentially a particle centre 
to centre value the value of C| obtained will include a large portion 
of the particle thickness. If the nuclei are assumed to farm on the 
square faces of the plate then the value of C^  may include up to 1um 
of particle thickness. If this is Subtracted from the value of C^, a 
modified value of 2um is obtained which is close to Mould and Cotterill*s 
value of 1.8um. In the case of spherical particles, it is probable that 
the nucleus grows around the particle to some extent and the centre-to 
centre value of the particle spacing is more close to twice the actual 
nucleus diameter.
However, this reasoning cannot apply to the lower critical spacing value 
since the particles in this retarded region were spherical and about 0.4um 
in size and the discrepancy between the critical spacing values remains 
unexplained.
199
Bhatia has proposed that acceleration of recrystallisation will only 
be observed provided the particles are lum or larger in size and spaced 
at least 2um apart (using the Shaw et al parameter; ref4, appendix).
This is a subjective proposal based on the experimental observations of
18 192
Doherty and Martin and Preston and Grant , and has little theoretical
basis; it cannot, therefore, be considered as a serious alternative
mechanism for recrystallisation.
20-
Humphreys and Martin have studied the influence of the interparticle
spacing on the recrystallisation of internally oxidised Cu-SiC^ single
crystals containing silica particles of between 250-1,000 A radius. They
reported that the time taken to achieve 50?o recrystallisation increased
smoothly as the interparticle spacing decreased. This is shown in the
appendix, fig. 3(a). However their spacing values were evaluated as a
planar edge-to-edge distance based on a cubic particle distribution (see
appendix for full details) which is an inappropriate spacing parameter.
230Re-evaluation of their data in terms of the centre to centre spacing,
results in an alteration of the curve shape , fig. 3(b) in the
appendix, and indicates a two-stage retardation behaviour similar to that
18observed by Doherty and Martin in Al-Cu alloys. The values of t ^  for
the most widely spaced alloy is less than that for pure copper (which is
included in fig.3» appendix) which indicates a three stage acceleration
21
and retardation sequence in the manner proposed by Mould and Cotterill . 
The value of the smaller critical spacing, 0^, is about 0.2um which is 
in good agreement with the reported cell size of 0.3um. The particle 
size of the alloy in which acceleration was observed was 0.2um. which is 
also consistent with particle enhanced nucleation.
Earlier work on dispersion strengthened copper alloys was carried out by
87 1 op
Grant and his co-workers ’ . In both cases alloys were deformed by
hot extrusion,and the amount of deformation retained in the alloys prior
to isochronal annealing therefore depended upon their annealing behaviour
(which is related to their dispersion characteristics). Consequently
alloys with close particle spacings could be expected to retain a larger
amount of stored energy than those with larger dispersions (e.g. a Cu-C^O
alloy with a particle size of 6um and spacing, A-., >  5 ^  was completely 
8 7  5 -iq p
recrystallised ) • In the study by Preston and Grant , the progress
of isochronal' recrystallisation was observed by hardness measurements and
consequently the contribution of softening due to recovery is unknown
making assessment of the recrystallisation characteristics difficult. In
all cases complete softening was only observed close to the melting point
of copper. However calculation of the 5QP/o softening temperatures .is
possible from their curves and these show that recrystallisation is
severely retarded in all cases, the values of T ^  increasing with
decreasing particle in the range, A^ = 0.9um - 0.019um; the values of
T^0 ranged from 930°-1080°C. It is evident that at these temperatures
considerable particle coarsening occurs and hence must be an important
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factor in so far as the progress of recrystallisation is probably 
determined by the gradual unpinning of the deformation substructure.
The initial particles sizes were generally too small for particle 
enhancement of nucleation.
07
Chin and Grant followed the energy release of similar alloys by 
calorimetry and deduced the temperatures for the onset of recrystallisation 
and these also showed increasing values for Tq as the particle spacing 
decreased, ranging from T = 700°C at a spacing of A , = 0.27um to in0 joexcess of 1030 C at a spacing A^ = 0.03um. Similar criticisms apply 
to this work. However, the pattern of the results is consistent with 
the Mould-Cotterill hypothesis with the modifications made earlier for 
fine particle sizes, i.e. the process of recovery and recrystallisation 
are increasingly retarded with decreasing spacing due to the increasing 
influence of particle pinning of individual dislocations and subgrains.
130
An isochronal study of SAP aluminium alloys by Nobili and De Maria
also showed that the onset of recrystallisation was progressively retarded
to higher temperatures as the fraction of alumina increased. Ho dispersion
data was given for their alloys, but such alloys generally have particle
sizes of ^  ^0.01um. Thus To increased as the spacing decreased which
87
‘ is similar to the behaviour observed in Cu alloys by Chin and Grant .
4.2.3 Grain Growth following Primary Re cry s t alii s a t i on
Reference to Table VII shows that very little grain growth occurs in any 
alloy annealed for times well beyond that for completion of recrystalli­
sation. The influence of particle dispersions in stabilising the grain
120 231structure is well known * and the stable grain size achieved for a 
given dispersions may be calculated from the criterion derived by 
Gladman ,(eqn.34> section 2.4*8.3.1). In the present study the as- 
recrystallised grain sizes were generally larger than those predicted 
by Gladman and hence subsequent grain growth was inhibited.
The lack of any significant grain growth in pure iron is perhaps
231surprising, but recent work has shorn that at temperatures close to 
the recrystallisation temperature little growth takes place unless the 
material is slightly deformed, when abnormal grain growth may 
occur.
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At the annealing temperature used in this study the alumina dispersions 
are extremely stable, and therefore abnormal grain growth, caused by
205
gradual unpinning of some grain boundaries as the dispersion coarsens , 
is improbable.
5. CONCLUSIONS
5.1 Alloy Fabrication and Structure
Alumina additions markedly inhibit the densification behaviour of iron 
during the sintering of cold compacted iron-alumina alloys; a minimum in 
densification was obtained at an alumina fraction of 0.028. This 
behaviour is due to the rapid reduction in the relative number of iron- 
iron particle contracts which reduces the effective diffusion cross-section.
The densification behaviour is also influenced by the green density of 
the alloy compacts.
The size of the spherical particles in each alloy and the as extruded 
■ grain size after hot extrusion were a direct function of the alumina 
content.
5.2 Recrystallisation
The recrystallisation behaviour of iron alloys containing alumina 
dispersions during annealing following 60% deformation has been shown 
to depend upon the particle size and spacing.
In pure iron, recrystallisation was achieved by the nucleation of new
c\
grains, which occurred predominantly at grain boundaries, and their 
subsequent growth. Kinetic analysis indicated that growth was two 
dimensional.
In alloys containing particles larger than a critical size, there was
an enhancement of nucleation by additional nucleation of new grains at
particle/matrix interfaces. This generally led to an acceleration of 
recrystallisation despite a slightly reduced'growth rate, although in
some alloys a slight retardation of recrystallisation was observed due
o
to the relative dominance of the reduced growth rate. In all cases,
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however, a finer recrystallised grain size was observed, the degree of 
refinement being related to the relative degree of particle enhanced 
nucleation. Kinetic analysis indicated that the growth of nuclei formed 
at particles was essentially uni-dimensional giving rise to a reduced 
* average* value of the dimensionality of growth for each alloy.
Below a critical spacing of about 0.8um, there was an inhibition in the 
enhancement of nucleation due to the mutual impingement of embryonic 
nuclei formed at adjacent particles.
In alloys containing particles of a subcritical size, both nucleation 
and growth were retarded which resulted in a retardation of recrystalli­
sation. This was probably due to particle pinning of the deformation 
substructure which was also more uniform in distribution; thus the 
recovery processes leading to nucleation were retarded, whilst the 
growth of nuclei was retarded due to particle drag on boundary migration.
The recrystallised grain size became coarser. Kinetic analysis indicated 
that growth of nuclei shifted from being two dimensional to three 
dimensional in character, suggesting that nucleation was occurring
Cm
predominantly in the matrix.
A decrease in the amount of deformation to 30% reduction prior to 
annealing resulted in a general retardation of recrystallisation in all 
alloys to an extent that depended on the dispersion characteristics. In 
pure iron and some alloys, the nucleation mode at grain boundaries 
changed to the strain induced boundary migration mechanism. However, 
the general pattern of behaviour remained the same. The recrystallised 
grain sizes became more coarse. The retardation of recrystallisation 
was attributed to the general reduction in the stored energy of deformation, 
and hence the driving force for recrystallisation.
For most alloys, an increase in the initial grain size also resulted in 
retardation of recrystallisation, the extent depending upon the dispersion 
characteristics. This retardation resulted from reductions in both the 
nucleation and the growth rates. The decrease in the former was due to 
reduced nucleation at grain boundaries because of the decrease in grain 
boundary area. The magnitude of the response was proportional to the 
relative-proportion of particle enhanced nucleation in each alloy; thus 
pure iron showed the largest change in nucleation rate. The growth rates
decreased due to the reduction in stored energy. A coarsening of the 
recrystallised grain size resulted from increasing the initial grain size.
Upon increasing its grain size, one alloy, with a large particle size (0.35 
um radius) showed an acceleration of recrystallisation compared to its 
behaviour at small initial gain sizes, although there was little variation 
in its recrystallised grain size. It was considered that at the small 
grain sizes the grain boundaries ■•coupled’ with the particles to effectively 
decrease the particle spacing below the critical spacing, thereby inhibiting 
nucleation (which occurred predominently at particles) and growth.
The results emphasised the importance of the initial grain size when 
assessing the relative influence of dispersions on the recrystallisation 
of iron and alloys in general.
The present work has been shown to be consistent with the Mould-Cotterill 
hypothesis, and several comments on its applicability and limitations have 
been made. The results of previous work on aluminium and copper based 
alloys have been re-evaluated and shown to be consistent with the theoretical 
•aspects of the hypothesis which can now be considered to be generally 
valid for all alloy matrices.
In this context the selection of the correct interparticle spacing para­
meter for the quantitative interpretation of data has been shown to be 
important, and the limitations of the available spacing definitions and 
formulae have been critically discussed in the appendix, and recommendations 
on the correct choice of parameter have been made.
STJMMARY
A series of twelve Iron-Alumina alloys containing dispersions of alumina 
particles have been fabricated from the constituent powders by a process 
of mixing, cold pressing and sintering, followed by hot extrusion. This 
produced alloys containing dispersions of approximately spherical particles 
with average particle radii of between 0.15 and 0.35um and with nearest 
neighbour interparticle spacings of between 0.75 and 0.95um.
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The sintering ‘behaviour of the alloys was found to he a sensitive 
function of the alumina content, and this was attributed to the relative 
proportion of iron-iron particle contacts in the cold pressed compacts.
Isochronal and isothermal annealing experiments were carried out on alloys 
in which the initial grain size had been standardised, following a 
deformation of 60% reduction. The progress of recrystallisation was 
followed by hardness measurements and by optical metallography. The 
influence of the amount of deformation (30%, 45% or 60% "reduction) and 
also the influence of the initial grain size (at 60% deformation) was 
studied in selected alloys.
The results showed that in those alloys containing particles above a 
critical size, there was generally an acceleration of recrystallisation 
cqmpared to pure iron, and this was attributed to the enhancement of 
nucleation at particle/matrix interfaces. The recrystallised grain size 
was also refined. The degree of acceleration increased with increasing 
average particle size and decreasing interparticle spacing down to a 
critical spacing of about 0.81 urn when the trend reversed due to the mutual 
impingement of the embryonic nuclei. Kinetic analysis indicated that there
was a reduction in the average dimensionality of growth of the nuclei
q
compared to pure iron where nucleation occurred predominantly at grain 
boundaries.
In those alloys containing particles below the critical size a retardation 
of recrystallisation was observed due mainly to a reduction in the 
nucleation rate. The recrystallised grain size was more coarse. Kinetic 
analysis indicated that the dimensionality of growth of the nuclei was 
increased compared to that in pure iron.
Reductions in the deformation prior to annealing resulted in a retardation 
of recrystallisation for all alloys, the extent depending on their dispersion 
characteristics; pure iron showed the largest response. This was attributed 
to the.relative influence of the deformation upon nucleation at the various 
sites. The recrystallised grain size became coarser.
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Generally, an increase in the initial grain size of the alloys resulted 
in a retardation of recrystallisation and a coarser recrystallised grain 
size. Pure iron showed the largest response. In one alloy containing 
large particles there was a retardation of recrystallisation at very 
small initial grain sizes. These results indicated that the initial 
grain size could affect the interpretation of results purporting to show 
the influence of dispersed particles on the recrystallisation of iron.
The present results has "been shown to he consistent with the Mould-Cotterill 
hypothesis for recrystallisation in dispersed phase alloys.
The importance of the selection of the correct interparticle spacing 
parameter in the interpretation of results has heen critically discussed 
in the appendix.
7. SUGGESTIONS FOR FURTHER WORK
The present study has helped to provide a better quantitative understanding 
of the influence of the dispersion characteristics on the recrystallisation 
behaviour of dispersion strengthened iron alloys.
It is evident that a fuller picture could be provided by extending the 
present study so that a larger range of particle dispersions are embraced; 
for example, a wider range of particle sizes and interparticle spacings, 
especially below the critical spacing of 0.81um, could be examined. In 
this respect, the low initial grain size (20um dia.) used in the present 
study has been shown to partially obscure the influence of the particle 
dispersions, and further work should be carried out at a larger initial 
grain size, e.g. about 100um dia.
A transmission electron microscopy examination of the structural processes 
that occur during deformation and the subsequent annealing of dispersion 
alloys should prove useful in the light of the quantitative framework 
provided in the present study. In particular, the influence of the dispersion 
characteristics on the deformation microstructure, the recovery behaviour 
and the nucleation and growth processes could be examined.
In this respect, there are very few quantitative measurements of the stored 
energy and its release during annealing in deformed dispersion alloys in
general, and such a study would prove beneficial.
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